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Abstract:

The field-assisted sintering technology (FAST) is a versatile powder consoli-
dation method, which uses electrical current for rapid heating of the sintered
material. It is routinely used for sintering of various metallic materials, but
mostly with prealloyed powders as a feedstock. The aim of the thesis is to
explore the capabilities of FAST for sintering of composite materials and for
using blended elemental powders as a raw material in following areas:

1. Manufacturing of architectured composites

2. Consolidation and ageing in a single processing run (in-situ ageing)

3. Rapid alloy prototyping using blended elemental powders

4. High-throughput experimental investigations of multicomponent phase
diagrams

Al6061 + Ti-6Al-4V architectured composite was produced, but issues with
the powder penetration into the lattice have arisen due to the small lattice di-
mensions. Mechanical properties could have been assessed by a three-point
bending only. The composite has shown improved strength over the plain,
unannealed Al6061 matrix, but a premature fracture when the Al matrix was
aged properly. Using FAST was found to be inconvenient for architectured
composite manufacturing.

A long, fully dense rod was manufactured from the Ti-5Al-5V-5Mo-3Cr al-
loy with blended elemental powders as a starting material. The whole pro-
cess of consolidation, homogenization and ageing was carried out in a single
process run and the tensile properties of the alloy was fully comparable to
the commercially available material, reaching 1183 MPa of yield strength and
a ductility of 6 %. It was shown that FAST can be used for preparation of alloys
with good mechanical properties from blended elemental powders.

The phase stability of the Ti-(20–29)Nb-7Zr-(0.2–0.8)O system was investi-
gated using materials with deliberately produced Nb concentration gradient.
The critical concentration of 22 wt% of Nb was measured to suppress the α/α′′
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precipitation. Homogeneous alloys were prepared from the elemental powder
blend as well, the phase composition and elastic modulus were measured by
X-ray diffraction and resonant ultrasound spectroscopy in the as-sintered and
water quenched conditions. The lowest elastic modulus of 64 GPa was mea-
sured in the quenched Ti-29Nb-7Zr-0.7O sample. It was demonstrated that
samples with a tunable chemical heterogeneity can be prepared FAST.

Finally, we have designed a method for sintering multiple powder blends
in a single specimen, able to produce a heterogeneous sample with a wide
range of alloy compositions. This method allowed high-throughput investi-
gations of phase equilibria in an AlTiTaNbZr refractory complex concentrated
alloy. Using FAST is considered viable and will be explored further.

Out of the explored areas of FAST applications, manufacturing of architec-
tured composites is not very much viable, while the blended elemental based
methods have proven themselves useful in research and should be exploited
further.
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Introduction

The thesis topic has emerged during my master study at the Department of
Physics of Materials as an indirect result of a long-term cooperation with the
Institute of Plasma Physics of the Czech Academy of Sciences. At that time, we
have used the field-assisted sintering technology (FAST) as a tool for rapid sin-
tering of ultrafine-grained materials. During discussions with my colleagues,
often inspired by conference presentations, a couple of other ideas emerged
on how to exploit the FAST further and what unconventional materials and
experiments can FAST be used to.

I wanted to focus on two fields: architectured composites and using FAST
for rapid prototyping of alloys. The first because of the possible synergy be-
tween the recent advances in additive manufacturing and the classical powder
metallurgy, the second because the need of manufacturing a small sample of an
experimental alloy have come up many times during my and my colleagues’
research and casting was not always an option for various reasons.

An organization of the thesis is rather unorthodox, due to the diverse
palette of the materials prepared and their intended applications. In the first
chapter, theoretical background and a literature review is given, concerning
mostly powder metallurgy, sintering and the field-assisted sintering technol-
ogy in particular. The concept of high-throughput methods, emerging in the
thesis, is briefly explained and the introduction is closed by the description of
the investigated materials.

The second chapter summarizes the aims of the thesis. In the third chap-
ter, characterization methods used throughout the thesis are briefly presented,
but without details on the material-specific manufacturing and sample prepa-
ration.

The main body of the thesis consists of four chapters, one for each of the
different materials prepared. Each of them starts with a detailed description of
the material and sample preparation. The results are then presented, discussed
and summarized.

Chapter 4 deals with the preparation of composites and joining of dissimi-
lar materials using FAST – an Al6061 + Ti-6Al-4V metal-metal composite with
3D printed Ti-6Al-4V lattice as a reinforcing phase.

Chapters 5 and 6 are focusing on a blended elemental powder metallurgy
(BEPM) of Ti alloys, ultimately aimed at the development of new alloys. The
method for a large sample preparation is tested using a commercial Ti-5Al-5V-
5Mo-3Cr alloy and compared with the conventional processing route. Then, a
BEPM approach is used for investigations of β stability in a biomedical Ti-Nb-
Zr-O system in chemically homogeneous and heterogeneous alloys.
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Finally, tentative results from an ongoing project on a high-throughput
mapping of refractory complex concentrated alloys are presented in Chapter 7,
as the method was developed as an extension of the investigations of heteroge-
neous Ti-Nb-Zr-O alloys. The concluding chapter discusses main achieved re-
sults in the context of FAST applications and summarizes the thesis outcomes.
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1 Theoretical Background

In this chapter, an introduction into the powder metallurgy and sintering will
be given. The field-assisted sintering technology will be then reviewed in more
detail, focusing on a complex part manufacturing, upscaling of the method and
the blended elemental powder metallurgy.

The next part will provide a short introduction into the concept of high-
throughput methods and a CALPHAD framework, used in Chapters 6 and 7.
Finally, an overview of the investigated materials (Ti alloys, Al-Ti composites
and complex concentrated alloys) will be given at the end of the chapter.

1.1 Powder Metallurgy and Sintering

Powder metallurgy is a broad field of materials science and engineering deal-
ing with manufacturing of metallic parts from powders as a feedstock material.
Contrary to the conventional approach which starts with casting and forging,
followed by machining to the final shape (top-down approach), powder met-
allurgy represents a bottom-up approach, in which the part is built by bonding
the raw material (powder) together to form the specified shape.

The field covers many aspects of powder production and thermomechan-
ical treatment, methods of consolidating powder into bulk material and post-
processing treatment [1]. Technically, additive manufacturing (i.e. 3D printing
of metals) is also a powder metallurgy method, but it is nowadays generally
viewed as a separate branch of material science.

The thesis focuses on sintering of materials, in particular on sintering by
field-assisted sintering technology (FAST). The definition of sintering follows,
according to [2]:

“Sintering is a thermal treatment for bonding particles into a coherent,
predominantly solid structure via mass transport events that often occur
on the atomic scale. The bonding leads to improved strength and lower
system energy.”

The most widely known application of sintering is pottery – with its history as
old as the human civilization itself.

1.1.1 History

Sintering of ceramics is known to the mankind for millennia: the oldest
known man-made ceramic object is the Venus of Dolní Věstonice, dating back
to 29,000–26,000 BC [3]. The powder metallurgy of metallic materials is related
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to the origins of steelmaking. The primitive furnaces were unable to reach
the temperatures needed for melting the iron, so the bulk metal was made by
reducing small iron ore chunks and then hammering the iron sponge into a
bulk material. Some jewelry made by ancient Incas were also produced by
powder metallurgy [1].

The innovations in the steelmaking during the Industrial revolution fa-
vored casting. The renaissance of powder metallurgy started with a sintering
of tungsten carbide tools during early 20th century [1]. As in many other fields,
significant advances were done during the WWII and the research continued
in the post-war years.

Nowadays, powder metallurgy is mostly used for manufacturing of ob-
jects, which would be difficult to produce by other methods due to a com-
plex shape, poor machinability, high melting point, high reactivity in the liquid
phase, made of difficult-to-alloy alloys, etc. A significant effort is devoted to
near-net shape processing – manufacturing of objects as close to their desired
final shape as possible to minimize the post-processing steps.

1.1.2 Principles of Sintering

The driving force for the sintering process is a reduction of the surface energy
of individual powder particles. This driving force is naturally present at ambi-
ent conditions as well, but the sintering rate is severely limited by the kinetics
of the process involved. We will focus on a solid-state sintering of metallic
materials, which is mostly governed by diffusion [2].

Prior to the sintering, a green body is prepared by cold pressing or bind-
ing the powder into the desired shape. At this point, particles are touching
each other at only a small fraction of their surface. When the temperature is
increased to a level which is sufficient for the diffusion activation, a neck is
formed between neighboring particles. Thanks to the surface energy, a Gibbs-
Thompson effect creates a positive pressure under the surface with a positive
curvature (such as particle surface) and a negative pressure under the nega-
tively curved surface (such as the neck). This leads to a prevailing mass trans-
port from the particle to the neck, as shown in Figure 1.1.

As the process continues, the interparticle spaces are eventually closed,
forming pores. They can either close during further sintering, or can be re-
tained in the material, filled with the sintering atmosphere. The decrease in
porosity can be directly connected to the macroscopic shrinkage of the sample.
This allows using dilatometric data (if available) for tracking of the sintering
progress.

When this process occurs without any external stress applied, it is called
free sintering. However, it is also possible to apply an external pressure during
sintering, which leads to activation of plastic flow as an additional sintering
mechanism. Moreover, application of a stress also leads to enhancing the mass
transport rate similarly to a creep. This family of methods is called pressure-
assisted sintering.

A wide range of materials can be prepared by sintering, which would be
impossible or difficult to prepare by other methods, such as tungsten carbide
tools. Furthermore, using sintering (or powder metallurgy in general) can lead

7



Figure 1.1: Processes involved in solid-state sintering [2]

to lower contamination than during the conventional processing due to lower
temperatures involved and the absence of a liquid phase. A formation of den-
drites can be also prevented by avoiding the solidification phase transition.

Naturally, there are some drawbacks associated with the sintering. Firstly,
it is a generally higher price of powdered raw materials compared to bulk
feedstock, which must be balanced by some added value (e.g. near-net shape
processing). Next, the powders have high specific surface and are more prone
to contamination (oxidation in particular) and cannot be usually prepared with
the purity as high as of bulk materials. Porosity is also an issue to be dealt with,
unless very high sintering temperatures are used.

1.1.3 Field-Assisted Sintering Technology

The field-assisted sintering technology (FAST), also known as spark plasma sinter-
ing (SPS) or electric current-assisted sintering (ECAS) is a pressure-assisted sinter-
ing method, using Joule heat of the electric current passing directly through the
sintering die and the specimen. The first pressureless electric current sintering
was patented in 1906 for manufacturing of lightbulb W and Mo filaments [4,
5]. In 1913, an apparatus was patented by Weintraub [6] for pressure-assisted
electric current sintering, similar to modern FAST furnaces (both shown in Fig-
ure 1.2). The development of the methods and the important related patents
are reviewed in [7].

The operating principle is simple – the powder is placed into a conductive
die (usually made of graphite), compressed by two pistons and heated by an
electric current passing through the pistons, outer die and (if conductive) the
specimen. Thanks to this design, in which the specimen itself acts as a heat
source, very high heating rates are possible, reaching 1000 K/min (depending
on the sample size) [8]. The whole assembly is typically enclosed in a vacuum
chamber to protect the powder from oxidation. Cooling is achieved mainly
by thermal radiation from the outer die (at high temperatures) and by heat
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(a) The 1913 sintering patent [6] (b) A present sintering device illustration [8]

Figure 1.2: Schematic diagrams of the FAST furnaces

conduction to the upper and lower pistons, which are water-cooled. Unlike
heating, it cannot be actively controlled and the maximum achievable cooling
rate can reach hundreds of K/min, which is comparable to air cooling.

The main advantage of FAST is its ability to sinter samples in shorter times
than the other sintering methods, such as conventional free sintering or hot
(isostatic) pressing. A typical FAST sintering run takes minutes, while a stan-
dard duration of other sintering methods counts in hours [8]. There is still
no universal agreement on the reason for this. The presence of plasma (hence
spark plasma sintering) was disproved by in-situ atomic emission spectroscopy
performed by Hulbert et al. [9]. Also, there was a hypothesis about high cur-
rent density and local overheating at the necks between the particles, but the
numerical models have shown that the heat conduction is fast enough at this
length scale to equalize the temperature distribution [10, 11]. The effect of elec-
tromigration was also rejected by direct observation [12]. So far, it seems that
there is no special mechanism, other than a combination of high heating rate,
localized heating and a mechanical compression. Finally, the accuracy of the
temperature measurement is sometimes disputed, as the sensors (both ther-
mocouple and pyrometer) are placed in the graphite tooling several mm from
the sample.

Temeperature Homogeneity and Upscaling of FAST

Measurements of a temperature homogeneity within the sample were per-
formed in [13]. Thermal and electrical conductivity were both found to be
important factors – best homogeneity was achieved with the insulating sam-
ple, which is heated from the outside by a current passing through the die
only. The temperature at the edge of a conductive Cu sample was 40 K lower
than in its center – the sample is cooled from the outside, but the thermal con-
ductivity of an electrically conductive sample is also good, contributing to the
temperature homogenization. Partially conductive samples are the worst case
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scenario, with the temperature difference up to 400 K. Numerical simulations
have been performed with similar results [14].

The die insulation was found to greatly decrease the energy consumption
(up to 3× for conductive samples and 5× for insulating samples) and improve
the temperature homogeneity [15]. Different sizes of the FAST furnaces were
compared in [16], from laboratory to industrial scale. It turned out that the
larger devices are generally more homogeneous in temperature. The authors
were able to prepare large, fully dense samples with dimensions 100 mm ×
60 mm (d × h) from a TiAl intermetallic compound.

Majority of the FAST produced samples have a cylindrical shape with the
base diameter significantly larger than its height. However, a possibility to
manufacture rod-shaped samples would be useful for preparation of tensile
specimens of a standard size. A modification of FAST called spark plasma
extrusion was promoted in [17], with the original patent dating back to 1983
[18]. In this setup, the extrusion nozzle acts as one electrode and the ram as the
second. When compared with the FAST-manufactured Al at the same temper-
ature, the spark plasma extruded samples exhibited lower porosity and higher
hardness. Titanium was first consolidated by this method by Hallet et al. [19]
at 806 ◦C (α phase field) and 1234 ◦C (β phase field), but only the extrusion in
the β field lead to a crack-free specimen.

To increase the throughput of the method, multiple smaller samples can be
prepared in a single sintering run when using a special die assembly design
[8]. A combination of a near-net shape sintering and a precision forging called
a FAST-forge method was developed in [20]. This could reduce the cost of the
thermomechanical processing and the material waste, while keeping the pre-
cision shape control achieved by forging. When applied to a Ti-6Al-4V alloy
(wt%), the microstructure and mechanical properties were comparable to con-
ventionally prepared bulk material. Similar results were achieved in [21] with
FAST-forged Ti-5Al-5V-5Mo-3Cr alloy (wt%), being able to produce a material
not different from the conventional forging.

The preparation of net shape products is relatively easy for the samples
with a translational symmetry along the compression direction. Small Cu dog-
bone specimens for mechanical testing were manufactured in a one-step pro-
cess by [22]. Manière et al. [23] were able to prepare a Ni cogwheel, with the
temperature homogeneity ensured by alumina spacers above and below the
metal powder. Finally, a net shape turbine blade made of TiAl was success-
fully prepared by [24] with a specially designed die assembly with multiple
moving/sliding parts to allow continuous compression of the complex shape.
The blade exhibited good creep resistance, but slightly worse RT ductility than
the conventionally manufactured blade.

1.1.4 Blended Elemental Powder Metallurgy

This method, abbreviated as BEPM, is used and investigated in Chapters 5, 6
and 7. The main goal of this branch of powder metallurgy is a preparation
of fully dense material from a blend of elemental or master alloy powders.
This is achieved by either performing the consolidation at significantly higher
temperatures than usual (to promote the diffusion and homogenization) or
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by a standard consolidation followed by a homogenization heat treatment at
higher temperature. Mechanical alloying and milling are also sometimes used
to improve the material homogeneity.

The benefits of the BEPM are usually reaped in the lab-scale alloy devel-
opment. It provides a great variability in alloy compositions which may be
prepared, without the necessity for an expensive production of a prealloyed
powder first. It also allows preparing a compositionally graded materials with
a greater control over the gradients than in diffusion couples. On the other
hand, for widely used and standardized alloys at the industrial scale, using
prealloyed powders is often cheaper in terms of both material and processing.

The main issue in the BEPM is reaching the desired level of chemical homo-
geneity. For this, the temperature and/or duration of the sintering must be sig-
nificantly increased from the level necessary for a plain consolidation. In [25],
even a refractory alloy (prealloyed equiatomic HfNbTaTiZr alloy) was read-
ily sintered to full density (porosity < 0.3 %) after 2 min at 1000 ◦C, whereas
even 60 min at 1300 ◦C was not sufficient to reach chemical homogeneity in
Ti-39Nb (wt%) alloy made of blended elemental powders (with Nb particles
having ∼ 60 µm in diameter) [26]. Both methods used FAST as a consolidation
method.

Ti-22Nb-4X (at.%, X = Al, Sn or Ta) was sintered from blended elemental
powders for 20 min at 1100 ◦C and then solution treated for 4 h at 1100 ◦C [27].
A single-phase material was prepared, but the chemical homogeneity was not
assessed. Ti-35Nb-10Ta-(0-4.5)Fe (wt%) was sintered for 3 h at 1300 ◦C, but the
chemical homogeneity was still not achieved [28]. Taddei et al. ran a para-
metric study of the homogenization kinetics [29] on Ti-35Nb-7Zr-5Ta (wt%)
biomedical alloy in the temperature range between 900 and 1700 ◦C (1 h free
sintering after cold isostatic pressing). With the powder particle size of ap-
proximately 20 − 60 µm, the Ta powder has been fully dissolved between 1300
and 1500 ◦C and the alloy was chemically homogenized between 1500 and
1700 ◦C. The dissolution kinetics of various elements in the Ti-5Al-5Mo-5V-
2Cr-1Fe (wt%) alloy was investigated in [30], showing that addition of Fe can
enhance the diffusion rate of other elements. Ti-5Al-2.5Fe (wt%) alloy was pre-
pared with Fe and Al introduced as blended elemental powders or intermetal-
lic compounds in [31]. Kirkendall porosity remained after dissolution of pure
Fe particle, while more homogeneous microstructure was achieved by using
intermetallics.

Mechanical milling and alloying was also employed to reduce the particle
size and improve the homogenization kinetics [32]. After 50 h of milling and
sintering at 1250 ◦C, the Ti-40Nb (wt%) alloy was chemically homogeneous.
However, mechanical milling often induces additional contamination of the
material during the process (mostly by O, N and Fe), which was not mea-
sured in the paper. A similar experiment was performed with Ti-35Nb-7Zr-5Ta
(wt%) alloy [33]. After 60 h of milling, O concentration increased from 0.16 to
0.25 wt% and Fe from 0.07 to 1.58 wt%. As both elements strongly influence the
phase transformations in Ti, this additional contamination during processing
is undesirable.

Although not a pure BEPM method, additive manufacturing of composi-
tionally graded materials is currently gaining popularity in research, although
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the idea is not new [34]. The heterogeneity is achieved by feeding different
powders from multiple hoppers with a variable ratio. The homogenization
then occurs only locally in the meltpool in the liquid phase (unlike BEPM,
which occurs in a solid phase).

All in all, BEPM is mostly used for determining the influence of individual
alloying elements (using the base alloy powder and a single elemental powder)
and for development of new alloys (using multiple elemental powders). From
this, it is only a short step towards high-throughput methods.

1.2 High-Throughput Methods

Rather than being a set of methods only, the high-throughput approach is more
a strategy plan for material development. The underlying idea is this: one
should use the fast and cheap methods first to screen the available materials
and select promising candidates for the next level of more demanding test-
ing, leading to even narrower selection of candidates, etc. The paradigm is
schematically illustrated in Figure 1.3. An excellent review of the currently
available methods and their experimental challenges was recently published
by Miracle et al. [35].

Computational methods are the first step in alloy selection. Ab-initio cal-
culations, such as those provided by a density functional theory (DFT), can
be used directly to assess the phase stability [36], or they can be incorporated
into a more complex framework, such as CALPHAD (CALculation of PHAse
Diagrams) method.

1.2.1 CALPHAD

The CALPHAD method provides a bridge between the classical thermody-
namics of materials and the experimental data available. At first, a model
of a given phase is designed and a corresponding Gibbs energy function is
constructed. This semi-empirical function typically depends on temperature,
pressure and composition and has some free parameters which need to be de-
termined by fitting the function to the experimental data. In a CALPHAD
approach, essentially any data which can provide some useful information
about the Gibbs energy can be used – calorimetric data, transition tempera-
tures, equilibrium compositions etc. [37]

The Gibbs energy functions are stored along with the set of parameters for
each phase in a thermodynamic database. Phase equilibria can be then cal-
culated by a minimization of a total Gibbs energy for a given set of phases
of interest. In this way, both stable and metastable phase diagrams can be
calculated, along with the thermodynamic properties at the specified condi-
tions. The calculation can be readily performed for wide ranges of conditions
and commercial software and databases, such as ThermoCalc, are available for
this.

The method is very powerful in its ability to absorb virtually any relevant
data. However, it should be stressed that the method can be only as good as
the data provided. The results can be very accurate for conditions where large
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Figure 1.3: The high-throughput strategy for efficient development of new materials
[35]

datasets exist, such as commercial, well established alloying systems, but the
reliability decreases when extrapolation is required and the results should be
handled with caution [35].

1.2.2 High-Throughput Investigations of Phase Diagrams

A typical approach for experimental assessment of the phase diagram follows
this pathway: a sample of a certain nominal composition is prepared, annealed
at a specified temperature until equilibrium is (assumed to be) reached and
subjected to a quantitative characterization of chemical and phase composi-
tion (by means of SEM, TEM, XRD, EDS/WDS, etc.). The diagram is then
constructed by plotting the tie-lines and tracing boundaries of various regions.
This naturally involves preparation of numerous samples, making the process
time- and material-consuming.

A smarter way is to prepare samples which would allow to investigate
many compositions at once. This is actually an old idea – using diffusion cou-
ples for measurements of compositionally dependent diffusion coefficients is a
standard method [38, 39]. The same approach can be used for getting the infor-
mation about the equilibrium phase composition as well under one condition:
the system must be locally homogeneous, i.e. at the scale of the experimental
method used for characterization. For a suitable specimen geometry, many of
the tasks can be automated, e.g. the SEM imaging, EDS and XRD acquisition,
etc. We have used FAST for preparation of such a sample, which will be shown
in Chapter 7.
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The large amount of acquired data can be then used as an experimental
dataset for a CALPHAD assessment, further improving the accuracy of the
database.

1.3 Studied Materials

1.3.1 Titanium Alloys

The investigations of Ti alloys form the core part of the thesis – the Chapters 5
and 6. Therefore, a brief introduction is given here.

Titanium is a light transition metal, discovered in 1791 by Martin Heinrich
Klaproth, but not isolated until 1910 [40]. The first commercially feasible pro-
duction process was discovered by Wilhelm Justin Kroll in 1940 [41] and it is
still used until today. The complexity of production and the absence of contin-
uous process are the main factors causing higher cost of titanium in compari-
son with other structural materials.

Thanks to its low density and high strength, titanium alloys were mostly
used in aerospace applications during the Cold War. The workhorse titanium
alloy, Ti-6Al-4V, was developed in 1950s and is still the single most used Ti al-
loy until now [41]. For example, the famous Lockheed SR-71 ‘Blackbird’ struc-
ture consisted of 85 % titanium.

Pure titanium is an allotropic metal with two stable crystallographic mod-
ifications. A hexagonal close-packed (hcp) structure, denoted as α phase, is
stable at low temperatures up to Tβ = 882 ◦C (so-called β transus tempera-
ture), and a body-centered cubic (bcc) structure, denoted as β phase, is stable
above this temperature. The unit cells and lattice parameters of both phases
are drawn in Figure 1.4.

The stability of the phases can be modified by alloying with other elements,
which can be then grouped according to their effect on the equilibrium phase
diagram. The classification of the elements and the typical phase diagrams are
drawn in Figure 1.5.

The β stabilizing elements, such as V, Zr, Nb, Mo, Fe, etc., decrease the β

transus temperature and a two-phase α+ β region is formed. These can be
further divided into intermetallic-forming elements (creating eutectoid phase
diagrams, e.g. Fe) and so-called isomorphous elements (e.g Mo, Nb,...). Major-
ity of the alloying elements used in the titanium industry are β stabilizers.

Among α stabilizing elements, which increase the β transus temperature,
only three are of a practical importance – N, O and Al. Out of them, only Al
is usually added deliberately for α phase stabilization, while the N and O are
present as impurities. However, their effect on the phase stability is strong
and they may cause embrittlement of the alloy, so it is desirable to keep their
concentration low.

Apart from the stable α and β phases, two important metastable phases
can be found in β-stabilized alloys – an orthorhombic α′′ phase (α′′ marten-
site) and a hexagonal (but not close-packed) ω phase. Figure 1.6 shows the
metastable phase diagram of Ti alloyed with a β-stabilizing element. The solid
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(a) hcp α Ti (b) bcc β Ti

Figure 1.4: Crystal structures of the stable phases of titanium [41]

Figure 1.5: Classification of alloying elements in Ti alloys based on their influence on
the equilibrium phase diagram[42]
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Figure 1.6: A schematic phase diagram of a general β-stabilized Ti alloy. The stable
diagram is drawn in solid, important curves of the metastable diagram (Ms, Mf, ωs)
are drawn with dashed lines. Phases, which are found in the material after quenching
from the β field, are plotted below the phase diagram. Schematic positions/ranges of
the alloys investigated in the thesis are drawn in color.

lines correspond to the stable phase diagram, while the dotted lines mark the
transition temperatures of the metastable transformations.

The martensitic transformation occurs in alloys cooled from the β region
fast enough to suppress the diffusional precipitation of a stable α phase, when
the temperature decreases below the Ms (martensite start) line (see Figure 1.6).
The β phase becomes unstable, but the complete transformation to hexago-
nal α phase is not possible due to the presence of β-stabilizing alloying ele-
ments. The intermediate lattice has an orthorhombic symmetry and is called
α′′ martensite. The transformation is completed when Mf (martensite finish)
temperature is crossed.

The ω phase is formed upon quenching from the β region at higher con-
centrations of the β stabilizers. The transformation is diffusionless, but not
martensitic – its principle is a collapse of two of three neighboring {111} planes
into their midplane. Domains up to several nm are formed and denoted as
ωath (athermal ω). When the material is heated to a diffusion-allowing tem-
perature, the ωath domains may be chemically stabilized by rejecting the β

stabilizers, forming isothermal ωiso phase [41, 42].
All Ti alloys are classified according to the phase composition upon

quenching from the β field to the RT, as illustrated in Figure 1.6:

16



• α alloys, consisting of only stable α phase upon quenching

• α+ β alloys, containing α′′ martensite upon quenching

• metastable β alloys, which does not form α martensite upon quenching,
but which may contain ωath and in which α phase can be precipitated

• stable β alloys

α+ β alloys and metastable β alloys are the most important classes from the
application point of view, since the precipitation hardening by α phase is one
of the major strengthening mechanisms in Ti alloys and various microstruc-
tures can be prepared by thermomechanical processing. The three alloys,
which were used in the thesis and which are marked in color in Figure 1.6,
will be now briefly introduced.

1.3.1.1 Ti-6Al-4V Alloy

The workhorse Ti-6Al-4V alloy belongs to the group of α + β alloys. It is a
high-strength low-cost Ti alloy with a widespread applications in aerospace
industry[41], readily available in a powder form suitable for additive man-
ufacturing, which can be performed industrially at standardized conditions.
The alloy has a martensitic microstructure after printing, with a yield strength
of 900 − 1000 MPa. Detailed properties of the Ti-6Al-4V alloy are not a topic of
the thesis and the reader is kindly referred elsewhere, e.g. [43].

1.3.1.2 Ti-5Al-5V-5Mo-3Cr Alloy

This standard and commercially available alloy is investigated in Chapter 5. It
is usually abbreviated as Ti5553 (the composition is given in wt%) and belongs
to the class of metastable β alloys, which have been available in aerospace ap-
plications since 1950s. The first application of β Ti alloys in a civil aircraft was
the usage of Ti-10V-2Fe-3Al alloy in high-strength forgings of Boeing 777 [44],
replacing the high-strength low-alloy steel and resulting in significant weight
savings. However, the processing window of this alloy is relatively narrow
and the microstructure is sensitive to small fluctuation is both temperature
and strain rate [45]. The Ti5553 alloy was consequently developed by Boeing
(on the basis of the Soviet VT22 alloy [46]) to overcome this disadvantage. The
alloy offers larger processing window around the β transus temperature and
exhibit higher strength than the Ti-10V-2Fe-3Al alloy. It has therefore become
an alloy of choice for large structural components, such as landing gears [47].
It is currently used in Boeing 787 Dreamliner.

The β transus of the Ti5553 alloy is approximately 845 ◦C [47], depending
on the precise chemical composition. According to [48], the alloy typically ex-
hibit yield stress of 1055 MPa, ultimate tensile strength of 1159 MPa, maximum
elongation of 9 % and a fatigue performance of 107 cycles at 800 MPa after hot
isostatic pressing. It is an age hardenable alloy, strengthened primarily by pre-
cipitation of α particles in the β matrix. The mechanical properties are strongly
influenced by the thermomechanical processing – the alloy can be worked in
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the α + β region (∼ 800 ◦C), quenched and aged for maximum strength or
worked above the β transus, quenched and aged for maximum toughness [43].

The influence of heat treatment schemes on microstructure and mechan-
ical properties was investigated quite intensively. When the Ti5553 alloy is
quenched from the β field to RT, ω phase is formed [45]. Upon heating to
570 ◦C, α precipitates are noticeable after 90 s already. A similar Ti5553-1Zr
alloy was aged at 300 ◦C to promote ωiso formation before the final ageing at
600 ◦C [49]. The two-step ageing resulted in precipitation of extremely fine α

particles, but the material was brittle, while the single-step ageing produced
material reaching 9 % in ductility. The influence of the solution treatment of
rolled samples (below/above β transus) prior to the final ageing was investi-
gated in [50]. The best combination of strength and ductility was achieved for
the material annealed below β transus + aged, resulting in globular α particles
at GBs and fine lamellae in the grain interior. The ST above β transus + ageing
resulted in significant grain growth, precipitation of lamellae at GBs and low
ductility.

An ingenious method for high-throughput investigations of the ageing
temperature influence was designed in [51]. The Ti5553 sample was cut into
a truncated cone shape and heated by electrical current, resulting in a tem-
perature gradient across the sample. Pseudospinodal decomposition of the β

matrix was reported at 617 ◦C, resulting in very fine α precipitates.
Ti5553 was sintered with TiFeMo intermetallics by FAST with the aim of

preparing a metal-matrix composite [52]. However, a partial dissolution of
the TiMoFe occurred and tensile properties were not assessed, although the
compressive yield stress increased from 1100 to 1300 MPa.

The in-situ ageing (without intermediate cooling to the RT) was tested in
[53]. The Ti5553 alloy was prepared by selective laser melting (SLM) and in-
situ aged by heating the baseplate to 500 ◦C. The material had columnar grains
with a strong texture, reaching yield strength of 1000 − 1100 MPa. Finally,
Ti5553-1Zr alloy was prepared by FAST + in-situ ageing (without intermediate
cooling) for 30 min at 600 − 750 ◦C [54]. The authors used prealloyed powder
of 100 − 200 µm in diameter, which was then mechanically milled. The sam-
ples sintered from milled materials exhibited better tensile properties, reaching
1230 MPa yield stress and 5 % of elongation for the sample aged at 600 ◦C

1.3.1.3 Ti-Nb-Zr-Ta-O System

These alloys are prospective for biomedical applications and are investigated
in Chapter 6 of the thesis. Using metastable β Ti alloys for implant manu-
facturing was considered for more than two decades [55–61]. Biomedical Ti
alloys are intended to replace the stainless steel and the aerospace Ti-6Al-4V
alloy, which are still in a widespread use. The alloy development is driven
mostly by the endeavor to suppress the stress-shielding effect.

The stress-shielding occurs when the implant, having high elastic modulus,
is cemented in a bone which has relatively low elastic modulus. For compar-
ison – Young’s modulus of a bone is as low as 30 GPa, while the moduli of
metallic materials are much higher (200 GPa for steels, 100 − 110 GPa for Ti-
6Al-4V) [58]. This difference results in the proportional increase of the load
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on the implant and corresponding decrease of the load on the surrounding
bone. The bone slowly deteriorates and after some time, a revision surgery
may be necessary. When the implant modulus is decreased, this effect is less
pronounced and the implant lifetime is increased. The state-of-the-art β Ti
alloys reach moduli in the range of 50 − 90 GPa [62], depending on the chem-
ical composition. However, there is a trade-off between elastic modulus and
strength of the alloy, in a sense that excessive lowering of the modulus leads to
decrease of the yield strength as well. This limits the practical applicability of
the alloys with the lowest modulus.

Another design consideration is a biocompatibility of the potential β-sta-
bilizing elements. There are concerns about long-term exposure to the poten-
tially hazardous elements, such as Al and V. It was shown that Nb, Zr and Ta
may be used without any limits and Fe and Mo to a limited extent [61–63].

Last, but not least, is the aspect of the alloy competitiveness in terms of cost.
This is a major problem of metastable β Ti alloys, which use expensive alloying
elements such as Ta, Nb, Zr or Mo, moreover in relatively high concentrations.
There is always a question whether the undoubtedly superior properties are
worth the even more superior price.

In Figure 1.6, we have shown a schematic phase diagram of a Ti alloy
where all alloying elements are merged and represented by a concentration of
a generic β stabilizer. It is generally agreed that the elastic modulus reaches its
minimum when the metastable β phase is at the verge of stability, i.e. as close
to the martensite start (Ms) line as possible, while avoiding formation of the ω

phase [64]. This optimization is typically done empirically, based either on the
relative ‘strength’ of the β stabilizing elements (Mo equivalence [41, 65]), or
on the empirical description of the electronic structure – a simple calculation
of e/a (valence electrons per atom) ratio [64] or a more sophisticated Bo-Md
diagram (bond order vs. mean d-orbital energy) [66, 67].

For a long time, oxygen was perceived only as a contaminating element
leading to the alloy embrittlement in higher concentrations [41]. While this
is true for α and α+ β alloys, its concentration in β alloys can exceed 1 at.%
without embrittlement, while the yield strength is significantly increased [68].
The oxygen influence on phase transformations is difficult to capture by the
empirical methods described above, because oxygen, unlike most of other al-
loying elements, forms interstitial solid solutions (while the others form sub-
stitutional solutions). Therefore, the electron density, bond order and d-orbital
energy calculations are meaningless and cannot be used for predictions.

Oxygen is classified as an α-stabilizing element [41], but this is assessed
by its effect on the increase of the β transus temperature, which mostly plays
role during diffusional phase transformations. However, it is a β-stabilizing
element at the same time, which refers to its ability to suppress the martensitic
β → α” transformation during quenching from a single phase β region [69–
71]. The exact mechanism is still not fully resolved and it is one of the hot
topics in research of Ti alloys.

We have focused our attention on the Ti-Nb-Zr-Ta-(O) system, as the most
promising one. The studied alloy composition range is plotted in the schematic
phase diagram in Figure 1.6 (green lines) to show what phases can be expected.
The outstanding biocompatibility and low Young’s modulus of the Ti-Nb-Ta-
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Zr (TNTZ) alloy was demonstrated already in late 90s [55, 72]. More recently,
it was shown that alloying Ti-35.3Nb-5.7Ta-7.3Zr with oxygen up to 0.7 wt%
results in a significant increase of the yield strength (from 447 to 1017 MPa),
while maintaining the ductility and increasing the elastic modulus only little
(from 63 to 80 GPa) [56, 60, 73]. Alloying with 2 wt% of Fe and 0.25 wt% of Si
was also investigated in [73], but the yield stress increase was smaller (587 and
629 MPa, respectively). Alloys with both Fe/Si and O additions did not exceed
the properties of the alloy with O addition only.

It was shown recently in [74] that Ta can be omitted in the TNTZO alloy,
without compromising its strength and elastic modulus. This can significantly
reduce the alloy cost, as Ta is the most expensive alloying element. However,
this also shifts the β stability of the alloy and the optimization of the composi-
tion must be performed again. Due to the oxygen modelling issues described
above, the optimization must be carried out experimentally.

1.3.2 Ti/Ti-6Al-4V – Al6061 Composites

The preparation of architectured Ti-Al composites is investigated in Chap-
ter 4 of the thesis. Composite materials consist of two or more dissimilar con-
stituents, which should, in their synergy, exhibit better properties than each
of the constituents individually [75]. The term ‘architectured composites’ then
refers to a composite consisting of an inner reinforcement of one material and
surrounding matrix of the other material. The reinforcement is a tailored (ar-
chitectured) inner structure, typically at the length scale of the specimen (i.e.
not at the micrometer scale, common for particle-reinforced composites) [76].
Additive manufacturing is a great method for the reinforcement manufactur-
ing, as it provides a freedom of shape, which can be designed to meet the
specific mechanical demands.

The idea of manufacturing an architectured composite by FAST from an
architectured lattice pre-manufactured by AM and a powder matrix was in-
spired by [77], preparing a CP Ti + Ti-6Al-4V by consequent use of electron
beam melting (reinforcement lattice) and FAST. Similar experiment was per-

Ti-6Al-4V
reinforcement Al6061

matrix

Figure 1.7: An illustration of the architectured composite with the reinforcement lattice
and the surrounding matrix marked.
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Table 1.1: Basic properties of the materials used for the sintering of the architectured
composites. σRT

02 and σ550
02 stand for the yield strength at the RT and the sintering tem-

perature, respectively.

Material
σRT

02 σ550
02 E ρ

Source
(MPa) (MPa) (GPa) (g/cm3)

Ti Grade 2 400–500 ∼ 100 105 4.51 [43, 83]

Ti-6Al-4V 1000 ∼ 600 114 4.43 [43, 84]

Al6061 276
< 10

(extrapolation)
69 2.70 [85]

formed recently [78], combining AM of lattice reinforcement with the FAST-
forge method (both reinforcement and matrix were made of Ti-6Al-4V). Some
other examples include 3D printing of Inconel 718 + CoCr composite [79],
sintering of tungsten powder with a zirconia coated tungsten mesh able to
withstand high heat fluxes [80], or FAST sintering of Ti with AZ91 Mg alloy,
reaching bonding efficiency (ratio of the composite strength to the Mg alloy
strength) of 96 % [81]. Finally, interpenetrating Mg (matrix) + NiTi (reinforce-
ment) composites with high strength and damping capacity were manufac-
tured by pouring molten Mg into the additively manufactured NiTi lattice [82].

An Al6061 alloy was selected as a material for the matrix, while commer-
cially pure Ti (Grade 2) and Ti-6Al-4V alloys were used as a reinforcement. The
basic properties of the materials are presented in Table 1.1.

The Al6061 (Al-1Mg-0.6Si-0.3Cu-0.2Cr, wt%) alloy is a general purpose,
age-hardenable aluminium alloy with a solidus temperature of 582 ◦C [85].
The typical heat treatment (denoted as T6 temper) consists of the solution treat-
ment at 530 ◦C, water quench, ageing at 160 ◦C for 18 h and air cool. The typical
yield strength is 55 and 276 MPa in the solution treated and T6-aged condition,
respectively [85]. It is a workhorse Al alloy, easily obtainable in the powder
form.

The commercially pure titanium (Grade 2) and the Ti-6Al-4V alloy (wt%)
was chosen as a testing material for the proof-of-concept sintering. Ti-6Al-
4V (wt%) alloy is the most used α+ β Ti alloy for AM and can be deposited
by selective laser melting using a standardized set of parameters. The large
difference of the yield strength at the sintering temperature (σ550

02 in Table 1.1)
is desirable, because the Al powder can be then mechanically pressed into the
Ti matrix, which, on the other hand, should not deform.

The linear thermal shrinkage of all three materials is plotted in Figure 1.8,
along with the relative shrinkage. The shrinkage is calculated with respect to
the sintering temperature, because the thermal stresses matter only in the ma-
terial after consolidation. The Al shrinks more than Ti during cooling, resulting
in a compressive stress acting on the reinforcement as a whole.

Manufacturing of metallic cellular structures was investigated in multiple
papers. In general, the selected lattice geometry should be designed according
to the expected loading regime [87]. Al-Ketan et al. [88] prepared lattices from
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Figure 1.8: Comparison of thermal expansion/shrinkage of the used materials during
cooling from the sintering temperature. The raw material data (dashed lines) were
used for calculation of the thermal shrinkage relatively to the Al6061 matrix (solid
lines). Data source: [86]

maraging steel of several different geometries and performed compression test
to assess their mechanical response in terms of strength and toughness. How-
ever, the fatigue strength and ductility were compromised by the high surface
roughness of the as-built lattice. Several methods were used to overcome this
problem in the Ti-6Al-4V cellular structure [89]: hot isostatic pressing, sand-
blasting, polishing and etching. Etching in the Kroll solution was found to
improve the mechanical properties and also improve the cell proliferation on
the surface. Similar results were achieved in [90], where the surface roughness
of Ti-6Al-4V was lowest after etching in HF solution. For us, achieving the low
surface roughness of the lattice, resulting also in lower overall surface area of
the reinforcement, is important even more, since it can affect the formation of
the intermetallic layer at the interface between the lattice and the matrix.

1.3.3 Refractory Complex Concentrated Alloys

Conventional alloys are usually based on one or two principal elements, whose
basic properties are then modified by alloying elements. This includes steels,
Ti alloys, brasses and bronzes etc. The concentration of alloying elements can
reach tens of percent in high performance alloys (stainless steels, Ni superal-
loys, biomedical Ti alloys,...), but one element is still dominant. Investigation
of alloys based on a single dominant element leaves out a large portion of the
available concentration space unexplored. If we use a naval analogy (as illus-
trated in Figure 1.9), this is like exploring only the coastal waters close to the
safe harbors of pure elements.

The paradigm of using one or two dominant elements was overcome in
2004 by Cantor and Yeh, who were the first to sail out to the high seas of what
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Figure 1.9: An artistic illustration of a vast compositional space. The locations of ex-
plored alloying systems are shown. The RCCAs can be found far from the ‘coastal
waters’ in the vast unexplored ‘ocean’. Drawing by Dalibor Preisler.

we now call high-entropy alloys (HEAs) or complex concentrated alloys (CCAs)
[91–93]. They prepared a single-phase fcc equimolar CoCrFeMnNi alloy and
provided the first theoretical description promoting a role of configurational
entropy in the alloy stability, hence called HEAs.

The underlying idea is that a large number of elements in comparable mo-
lar fractions increases the configurational entropy of the random solid solu-
tion, stemming from the Sconf = R ∑i xi ln xi term, decreases Gibbs energy of
the alloy and makes the solid solution more stable. Such alloy would then ex-
hibit a high strength (due to an extensive solid solution strengthening), while
maintaining good ductility (due to fcc structure). However, this calculation
holds only for the elements with low enthalpies of mixing. In case that the
enthalpy is high for some combination elements, clustering is favored and the
configurational entropy decreases. This is especially valid for CCAs, because
more elements involved means higher probability of finding a suitable pair
with high enthalpy of mixing [94]. The ‘high entropy’ concept and naming is
therefore questioned. Nevertheless, a significant portion of the research in the
CCA field is still in pursuit of utilizing high configurational entropy to achieve
single-phase bcc or fcc CCAs.

Refractory complex concentrated alloys (RCCAs) differ from the Cantor-
based fcc CCAs by element selection (Ti, V, Cr, Nb, Zr, Mo, Hf, Ta, W and Al
are the most commonly used) and the resulting crystal structure of the disor-
dered phase, which is bcc, as most of the elements are bcc metals [95]. Their
practical aim of developing RCCAs is to potentially replace the currently used
Ni superalloys in high temperature applications, such as jet engines or fusion
reactors, where even a minor increase of the service temperature greatly im-
proves the efficiency. While the high-temperature strength of some RCCAs is
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already superior to Ni superalloys [96, 97], the room temperature ductility is
typically poor, which limits the handling of the parts and thus the application.

One of the research interests within RCCAs are Al-Nb-Ta-Ti-V-Zr based al-
loys, which were reported to have a superalloy-like microstructure consisting
of bcc/B2 cuboidal phases [98]. This could serve as a great starting point for
the optimization of the alloy microstructure – phase fraction and morphology.
However, there comes the general challenge of CCA design – the sheer vast-
ness of the compositional space, which grows exponentially with the number
of elements involved.

A general approach is to use CALPHAD modelling to narrow the search
first and then do the final optimization experimentally. For conventional alloys
with a huge amount of data available (such as steels), the predictions can be
quite accurate, while for CCAs (and even more RCCAs), the data are simply
not available yet. The Gibbs energies are usually assessed using the binary and
ternary systems only, but more complex interactions of elements are possible
in multicomponent CCAs [95]. A typical fail of CALPHAD is a theoretical
prediction of a single bcc phase instead of a mixture of bcc and ordered B2
phases observed experimentally [95]. Therefore, new experimental data are
needed, as pointed out by Miracle and Senkov [94]:

“A desperate need exists for high quality phase diagrams in ternary and
higher order refractory metal systems, including Al. Many decades ago,
phase diagram studies were considered important contributions to basic
science, but they seem to have fallen out of favour by research proposers
and funding agencies alike. This trend needs to be reversed. Experimen-
tal phase diagrams are an essential starting point to guide compositional
studies and to build thermodynamic models of ternary and higher order
B2 phases.”

Because of the size of the compositional space, the sample design must be op-
timized for obtaining as much information as possible with the least effort (in
terms of time, labor and resources) [99]. For this purpose, high-throughput
methods need to be used. The use of powder metallurgy, namely FAST, can
provide invaluable tool for high-throughput characterization and alloy devel-
opment as described in this thesis.
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2 Aims of the Thesis

The main objective of the thesis is to explore the capabilities of FAST beyond
its common applications. The following areas will be explored:

1. Preparing an architectured composite consisting of additively manu-
factured cellular structure and a powder-based matrix (Ti/Ti-6Al-4V +
Al6061).

2. Manufacturing a sample sufficiently large for standard-sized tensile test-
ing using blended elemental powders in a single run, including the age-
ing treatment (Ti-5Al-5V-5Mo-3Cr aerospace alloy).

3. Preparing homogeneous and compositionally graded alloys from
blended elemental powders for fast assessment of the phase stabil-
ity across the range of compositions (Ti-xNb-7Zr-yO biomedical alloy
system).

4. Preparation of a heterogeneous sample containing several refractory
complex concentrated alloys, providing experimental data for construc-
tion of the phase diagrams (Al-Ti-Ta-Nb-Zr system).

Finally, promising capabilities of FAST, deserving further attention and ex-
ploitation, will be identified.
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3 Experimental Methods

Basic details about the FAST furnace used for the sample preparation are pro-
vided in this chapter, as well as an overview of the employed characterization
techniques and methods. The material-specific preparation details are pro-
vided at the beginning of each Chapters 4 to 7 individually.

3.1 Field-Assisted Sintering Technology

The sintering was performed at the Institute of Plasma Physics of the Czech
Academy of Sciences using SPS 10-4 furnace by Thermal Technology LLC. All
sintering was performed in vacuum of the order of 1 Pa, although sintering in
an inert of reducing atmosphere can be performed as well. The furnace can
deliver max. 4 kA of electric current (the maximum achievable heating rate is
dependent on the sample being sintered). The temperature can be controlled
by two methods: by a thermocouple (K or C type) placed in a drilled hole in
the bottom punch or by a pyrometer focused into the hole in the side of the die
(see the drawing in Figure 3.1).

A-A

B

A

A

B

bottom

top

sample

 thermocouple

 hole

 pyrometer

 hole

graphite

foil

graphite/tungsten

foil

Figure 3.1: A schematic drawing of the FAST die assembly for a typical sintering run.
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The die and punches are made of graphite, with graphite foils separating
the sintered sample from the tooling. Tungsten foil is used instead in some
cases (high-temperature sintering experiments), in which the carbon from the
foil would diffuse into the sample and contaminate it.

3.2 Carrier Gas Hot Extraction

The carrier gas hot extraction (CGHE), also known as inert gas fusion, is a
standard analytical technique used for measuring content of light elements O,
N and H.

The method is based on melting the specimen under a stream of an inert
gas (argon, helium or nitrogen is used) in a graphite crucible [100]. The mea-
sured elements are evolved in a gaseous form and react with themselves and
with the crucible, which is continuously flushed by the inert carrier gas into
the detector section. The content of the reaction products is measured using
a series of detectors: at first, oxygen is catalytically converted to CO, which
is then measured using infrared absorption detector. The oxides are then cap-
tured and the content of the remaining N2 and H2 is determined by a thermal
conductivity detector with a pure carrier gas as a reference. The raw detector
signals are recalculated to the actual content using calibration standards of a
known composition.

Measurements were done using three different devices, as their availability
was changing during the thesis preparation. These were LECO ONH836 at TU
Bergakademie Freiberg, LECO TC 500C at ORLEN Unipetrol RPA and finally
Bruker G8 Galileo available at the Department of Physics of Materials since
2022.

3.3 Electron Microscopy

Scanning electron microscopy (SEM) was employed throughout the thesis as a
key imaging technique. Two devices were used: Zeiss Auriga Compact Cross-
Beam, equipped with a focused ion beam (FIB) system for cross-sectioning and
lamellae preparation, and FEI Apreo for unparalleled imaging performance.
Both microscopes were equipped with field-emission guns as electron sources
and energy dispersive X-ray spectroscopy (EDS) detectors for chemical anal-
ysis. Several basic types of signals can be detected, each of them providing
different information about the sample.

Secondary electron (SE) signal is broadly used for the purpose of general
imaging in various applications. Secondary electrons are ejected from the elec-
tron shell of the sample atoms by inelastic scattering events with the primary
electrons. They have low energy (< 50 eV), come from a low depth of the sam-
ple and their yield is sensitive to the topography of the specimen surface, with
edges bright and corners dark, providing a feel of natural illumination, hence
the usage in general imaging.

For material science, backscatter electrons (BSE) are arguably more impor-
tant than secondary electrons. These are the electrons of the primary beam
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which were scattered (both elastically and inelastically) out of the specimen.
Because the scattering is more intensive on heavier atoms, backscatter elec-
trons carry information about the local chemical composition of the specimen
(called composition or Z contrast). Furthermore, the scattering intensity is influ-
enced by a local lattice orientation, giving the orientation or channeling contrast.
If the sample is intentionally tilted into orientation, in which the grain appears
dark, even small deviations from the perfect crystallinity, such as dislocations
or secondary phases with weak channeling contrast, can be observed. This
technique is similar to dark-field imaging in transmission electron microscopy
and called electron channeling contrast imaging (ECCI) [101].

The site-specific samples for further investigations by transmission elec-
tron microscopy (TEM) were prepared using a focused ion beam (FIB) system.
FIB is a micromachining tool inside the scanning electron microscope, using
high-energy Ga ions to mill the specimen and prepare a thin lamella, which
can be then extracted by a micromanipulator and placed on a grid for further
transport.

Transmission electron microscopy (TEM) was used in Chapters 4 and 6 for
resolving structures beyond the resolution of the scanning electron microscope
and for the identification of their crystal structure, size and morphology by
selected area electron diffraction (SAED). JEOL 2200FS microscope, equipped
with energy dispersive X-ray spectroscopy (EDS) and capable of working in
the scanning transmission electron microscopy (STEM) regime was used.

During interactions of primary electrons with the specimen atoms (both in
SEM and TEM), X-rays are also emitted – a continuous spectrum of braking
radiation and a discrete spectrum consisting of characteristic emission lines of
the specimen atoms, which can be used for an analysis of the specimen chem-
ical composition by means of energy- or wave- dispersive X-ray spectroscopy.

Energy dispersive X-ray spectroscopy (EDS) is based on measuring the
energy spectrum of the photons impinging the semiconductor detector. The
peaks are then matched to known emission lines of the elements of interest and
an integral intensity for each peak is calculated. The relative intensities of the
peaks can be then quantified by comparing them with the spectra of standards
with known composition (more accurate method, but less commonly used) or
by a standardless approach, assuming that a pairwise ratios of concentration
are equal to pairwise ratios of peak integral intensities on which a so-called
ZAF correction is applied (it includes correction factors for the specimen av-
erage atomic number Z, absorption A and fluorescence F). This method is
slightly less accurate, but much faster and easier to use, making it a prevailing
microanalysis technique. The EDS measurement is quick, which allows line
profiling and mapping, on the other hand the detected peaks are relatively
broad (∼ 100 eV) and can overlap for some elements (e.g. O Kα with Ti Lα
and V Lα, Zr Lβ with Nb Lα, etc.). The overlapped peaks are then difficult
to deconvolute, decreasing the absolute accuracy of the quantification. On the
other hand, the relative accuracy (i.e. point-to-point concentration differences
and trends) are affected to a lesser extent and thus more reliable. EDAX Octane
Elite detector was used for EDS measurement in the thesis, processing of the
measured data was done using vendor-provided APEX software with eZAF
(enhanced ZAF) correction.
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In the wave dispersive X-ray spectroscopy (WDS), the collimated X-ray
beam coming from the specimen is diffracted on a grating and the intensity
is measured as a function of an angle (and thus the photon wavelength). WDS
provides much narrower peak (in order of eV), but at a cost of significantly
longer acquisition times, effectively barring line profiling and mapping. Also,
calculating the concentrations is possible only using standards, as the measure-
ment is more device-specific and no standardized corrections (as ZAF for EDS)
are available. WDS analysis was performed at the Institute of Petrology and
Structural Geology, Charles University, using JEOL JXA-8530F microanalyzer.

3.4 X-Ray Diffraction

The X-ray diffraction (XRD) was used for identification of phases in bulk mate-
rials in a transmission geometry, using a Rigaku Rapid II diffractometer oper-
ated at 50 kV, equipped with Mo Kα radiation source. We have used a curved
2D image plate detector, resulting in a higher total signal and better detection
of weak diffractions peaks.

φ

2θ

χ

incident beam

diffracted
beam image

plate

specimen

Figure 3.2: The XRD experimental setup in a transmission configuration

Thin samples of approximately 300 − 400 µm in thickness were used for
the measurements. The specimen was placed in a goniometer with motorized
axes, the parallel incident beam, having 0.3 mm in diameter, was aimed onto
an eucentric position and the specimen is oscillated in ϕ axis (±20◦) and χ axis
(±15◦) during the measurement. This allowed us to scan larger portion of the
reciprocal space, i.e. bring more grains into the diffracting position. The re-
sulting 2D diffraction patterns/rings were then processed into 2θ vs. intensity
diffractograms by azimuthal integration.

3.5 Mechanical Testing

Three methods of mechanical testing were employed in the thesis – microhard-
ness measurements, tensile testing and a three-point flexural test. Acoustic
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emission and digital image correlation were used as supplementary methods
for more thorough analysis of the three-point flexural test. Finally, resonant
ultrasound spectroscopy was used to measure elastic constants.

3.5.1 Microhardness

This method was used in Chapters 5 and 6. It provides information about local
hardness / strength of the material. It is fast, easy to use and allows mapping
of the hardness across the specimen.

The method is based on measuring a trace size of a specified indenter
pushed into the material under a given load. A pyramidal Vickers indenter
was used in the thesis.

An automatic microhardness measurement device Qness 10A was em-
ployed in the thesis, using HV0.5 method (0.5 kgf load).

3.5.2 Tensile Testing

Tensile testing was used in Chapter 5. It is a standard method for measuring
ductility, yield strength and ultimate tensile strength of materials. Engineering
stress and strain are calculated from the force measured by a load cell in the
crosshead and from the specimen elongation from the initial length. Consider-
ing the change of the specimen cross-section, true stress and true strain should
be used to evaluate the geometry independent properties of the material.

Figure 3.3: A circular specimen geometry for the tensile testing of Ti5553 alloy. All
dimensions are given in millimeters.

Yield stress is determined as a stress necessary to plastically deform the
material to the true plastic strain of 0.2 %. Material ductility is determined as a
true strain at failure.

A circular specimen geometry was used, drawn in Figure 3.3. The spec-
imens were prepared by turning and the surface was polished using #2000
grit sandpaper as a final step before deformation. The tensile testing was per-
formed using an Instron 5882 universal testing machine at the constant strain
rate of 10−3 s−1.

3.5.3 Three-Point Flexural Test

This method was used in Chapter 4 and it is commonly also referred to as a
three-point bending (3PB). The test geometry is illustrated in Figure 3.4. The
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dr

F

Figure 3.4: Geometry of the three-point flexural test

specimen, a rectangular beam of the height h and width w, is placed on two
cylindrical pins of a radius r and having length span L. The specimen is loaded
by a third cylindrical pin in the middle between the supporting beams. Load
F and the deflection d is registered during the experiment.

For small deflections, tensile stress σ and strain ϵ are calculated for the bot-
tommost layer (called outer thread) of the specimen according to the following
formulae:

σ =
3FL
2wh2

ϵ =
6dh
L2

The three-point bending was carried out at the Instron 5882 universal test-
ing machine with a dedicated fixture for small specimens. The support length
span was 8 mm with a 0.25 mm pin radius. The rectangular specimen dimen-
sions were 2 mm× 1 mm× 20 mm (w × h × length). The test was performed at
a constant strain rate of 2 × 10−3 s−1 (0.002 mm/s).

3.5.4 Acoustic Emission

This method was used as complementary to the three-point bending in Chap-
ter 4. Acoustic emission (AE) refers to the elastic waves in a material created
by sudden localized deformation events [102]. These include a release of stress
during collective movement of dislocations, twinning or a crack propagation.
These waves can be subsequently detected on the surface of the specimen by
an ultrasound piezoelectric sensor. As such, AE is generally assigned to non-
destructive testing methods and can be used, e.g., for investigations of struc-
tural damage in civil engineering.

The signal from the piezoelectric sensor is amplified and electronically pro-
cessed. There are several methods of the signal analysis, out of which a simple
parameter-based approach [103] is used in the thesis. The incoming signal is
monitored and when its amplitude exceeds a given threshold, it is recorded
as an AE event. A typical waveform of such event is illustrated in Figure 3.5.
Each event is then characterized by its timestamp, amplitude, energy, duration
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Figure 3.5: A typical waveform of an acoustic emission event and its parameters [103]

and rise-time. These events can be subsequently correlated with the deforma-
tion curve and time intervals of a high acoustic emission activity (i.e. intervals
of high slip activity or cracking) can be traced.

The AMSY-6 computer-controlled AE system with the ASIP-2 signal pro-
cessor (Vallen Systeme GmbH) was employed for the raw AE data acquisition
at the sampling rate of 2 MHz. The Micro-80S AE sensor (Physical Acous-
tic Corporation) was used coupled to the Vallen AEP5 preamplifier having a
40 dB gain. The sensor was attached to the lower steel block with the supports
using a plastic clip, a good acoustic contact was facilitated by the Apiezon
M vacuum grease. By this, identical testing conditions (especially the acoustic
‘contact’ and signal path) were maintained for all the specimens. The AE activ-
ity was evaluated by means of the cumulative evolution of AE counts, i.e. the
number of data points exceeding the threshold level (21 dBAE, slightly above
the background noise level).

3.5.5 Digital Image Correlation

This method was employed along with the AE as complementary to the 3PB in
Chapters 4. Digital image correlation, usually abbreviated as DIC only, is used
to determine local strain fields at the surface of the specimen during deforma-
tion.

A digital camera takes images of the specimen surface (patterned by a con-
ventional black paint spray) in regular time intervals during the test. After the
test is finished, the images are subdivided into small windows and a transfor-
mation matrix is calculated for each time interval in all windows. The strain
component of this transformation matrix then corresponds to the local strain
at the specimen surface.

Image recording was performed using the high-speed camera PHOTRON
FastCam Mini WX100 and the Nikon 60 mm f/2.8 G ED AF-S Micro lens. The
acquisition rate was 50 fps and the image resolution was 1536 px × 416 px (re-
duced from the default 2048 px × 2048 px to increase the available recording
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time while still capturing the entire area of interest). The images were pro-
cessed utilizing the commercial Dantec Dynamics Istra4D (v4.4.6) DIC soft-
ware. For the analysis, the facet size was set to 27 px, the grid spacing was
13 px, and the other parameters were kept default.

3.5.6 Resonant Ultrasound Spectroscopy

The resonant ultrasound spectroscopy (RUS) method is used for measure-
ments of elastic constants in Chapter 6 with higher precision than available
from the deformation tests.

Free vibrations are generated in a rectangular specimen having dimensions
3 mm × 4 mm × 5 mm by an infrared pulsed laser focused on the sample bot-
tom surface. The vibrations are then registered at the top surface by a scanning
laser vibrometer, which can be then recalculated to the spectrum of resonant
frequencies. The elastic constants are determined by an inverse method – by
iterative fitting of the spectrum calculated from the unknown elastic constants
to the measured spectrum [104].

The measurement was undertaken at the Institute of Thermomechanics of
the Czech Academy of Sciences on an in-house built device using Quantel UL-
TRA Nd:YAG laser as a vibration source and Polytec Micro System Analyzer
MSA-600 laser vibrometer.
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4 Architectured
Titanium-Aluminum
Composites

This chapter was inspired by a paper [77], presented at the Euromat 2017 con-
ference in Thessaloniki, investigating the coupling of electron beam melting
and spark plasma sintering by sintering a 3D printed Ti-6Al-4V lattice with Ti
Grade 2 matrix. We wanted to explore the idea even further – to investigate a
possibility of joining dissimilar materials, namely a Ti or Ti-6Al-4V lattice with
an Al6061 matrix.

4.1 Material Preparation

Materials

The prealloyed powder of the Al6061 alloy was supplied by TLS Technik.
Its composition, as taken from the supplier’s datasheet, is presented in Ta-
ble 4.1. The powder was prepared by gas atomization method, the particles
have spherical shape with the size distribution of 10 − 45 µm in diameter.

Simple titanium wires were used instead of the 3D printed lattice for the
proof-of-concept sintering and for the investigations of the interface between
Ti and Al. Ti Grade 2 and Ti-6Al-4V wires having 0.5 mm in diameter were
supplied by Inkosas.

In the next step, the lattice was prepared by selective laser melting (SLM)
at VSB – Technical University of Ostrava (VŠB-TUO) from Ti-6Al-4V ELI (ex-
tra low interstitial) powder. The laser was operated at 150 W, with the scan-
ning speed of 1200 mm/second and the layer height of 20 µm. The octahedral
unit cell is shown in Figure 4.1a. Size of the cell is 1 mm × 1 mm × 1 mm with
the designed strut thickness of 200 µm (this is about the minimum thickness

Table 4.1: Chemical composition of the Al6061 alloy according to the supplier’s
datasheet

Si Mg Fe Cu Cr Ti Mn Zn Al

wt% 0.75 0.93 0.30 0.33 0.21 0.01 0.05 < 0.002 bal.

at.% 0.72 1.04 0.15 0.14 0.11 0.01 0.02 < 0.001 bal.
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(a) A unit octahedral cell (1 × 1 × 1 mm3) (b) The whole lattice model (18 × 18 × 6 unit
cells)

(c) The as-built lattice (photo by Jiří Hajnyš, VŠB-TUO)

Figure 4.1: The reinforcement lattice drawings and the result

achievable by SLM). The whole model consists of 18 × 18 × 6 cells, as shown
in Figure 4.1b. This geometry corresponds to the theoretical volume fraction
of 17.8 %. Figure 4.1c then shows the actual as-built lattice.

Unlike the plain wire used for the proof-of-concept sintering, the surface
roughness of the as-build lattice is very high, with non-melted particles at-
tached to the structure (see the Figure 4.10a below in the Results section). To
investigate the influence of the roughness on the sintering process and inter-
face quality, one lattice was etched using Kroll etchant (3 % HF + 6 % HNO3
solution in water) for 2 min at room temperature prior to the sintering.

Sintering

The die was first filled with a layer of Al6061 powder, then the wire or the
lattice were inserted and the die was topped with additional Al6061 powder.
The sintering program was designed with following considerations:

1. Temperature must be high enough to promote diffusion between Al ma-
trix and Ti reinforcement.
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2. Temperature must be below the solidus temperature of Al6061 alloy
(582 ◦C, [85]).

3. Temperature should be above the solvus temperature of intermetallic
phases (see Figure 4.2a).

4. Piston pressure should be low and applied slowly to limit the deforma-
tion of the lattice.

The filled die was preloaded with a pressure of 2.5 MPa. The sample was
heated at the rate of 50 K/min to 560 ◦C, followed by a 10 min dwell. The pis-
ton pressure was then increased to 10 MPa during the beginning of the dwell
at the rate of 1 MPa/min. After the dwell, the sample was cooled to the room
temperature. The sample cannot be cooled actively, only via partial heating i.e.,
only the minimum cooling rate can be limited. In this case, the cooling rate was
set to 50 K/min, which slowed the cooling during the first few minutes. The
process parameters acquired during the sintering are plotted in Figure 4.2.

The sintered samples were then cut and mechanically ground and polished.
Due to difficulties with preparing a high-quality surface on a sample consisting
of two dissimilar materials, ion polishing was employed as a final step, using
Leica EM RES102 system.

Heat Treatment

A subset of specimens sintered with the lattice was heat treated to reach the
maximum strength of the Al6061 matrix prior to the mechanical testing. A
standard heat treatment program, denoted as T6 [105] was applied, consist-
ing of two steps: solution treatment at 530 ◦C for 30 min, followed by a water
quench, and ageing at 160 ◦C for 18 h, followed by air cooling.
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(a) The proof-of-concept samples
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(b) The samples with the lattice reinforcement

Figure 4.2: The course of temperature, piston pressure and piston position during
the sintering process. The relative position is calculated with the starting position
as a reference, positive and negative values indicate sample and piston dilation and
shrinkage, respectively. Solution temperatures of the intermetallic phases are taken
from [105].
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4.2 Results

4.2.1 Proof-of-Concept & Interface Investigations

The first series of samples was sintered to test the designed sintering program
and to investigate the interface prior to the sintering with the printed lattice.
The detailed micrographs of the microstructure are shown in Figure 4.3, along
with the EDS line profiles across the interface.

Major features of the interface are common to both reinforcement materi-
als. The Ti wire has a Si and Al enriched diffusion layer (marked DL) at its
surface. Precipitates of a similar composition (marked P) are found embedded
in the Al matrix along the interface. As measured by EDS, a Mg, Al and O
enriched transition layer (T) is found between the diffusion layer (DL) and the
precipitates adjacent to the interface (P) in the Ti Grade 2 sample (Figure 4.3a),
while the composition of this Mg enriched layer coincides with the composi-
tion of DL in the Ti-6Al-4V sample (Figure 4.3b). It should be noted that the
EDS signal depth can reach 1 µm, so it may be influenced by the interface tilt
underneath the specimen surface. The DL seems to be thinner at the interface
when Ti-6Al-4V is used than in the case of Ti Grade 2. Also, the precipitates in
the matrix are fewer and there is some porosity along the interface.

A more detailed chemical analysis of the phases at the interface and diffu-
sion profiles cannot be done in SEM due to the abovementioned spatial res-
olution limitations. Moreover, electron diffraction experiments are necessary
for phase identification within the diffusion layer and precipitates. Therefore,
cross-section lamellae for TEM investigations were prepared from the inter-
faces. The finished lamellae are shown in Figures 4.4a and b.

The TEM investigations started with repeating the EDS analysis and bright-
field (BF) imaging, shown in Figure 4.5. According to the BF micrographs,
the diffusion layer consists of very fine grains (∼ 50 nm in diameter) in both
samples. The chemical analysis reveals that both diffusion layer and the pre-
cipitates are chemically homogeneous. Mg is entrapped between these two
layers, rejected from the newly formed precipitates and unable to diffuse into
the diffusion layer and the Ti wire.

There is no significant chemical gradient in neither the Al matrix, nor the
Ti wire – all diffusing atoms are incorporated either into the precipitate, or
into the diffusion layer. Ti is practically insoluble in Al, as well as Si in Ti, but
numerous intermetallic phases can be formed [106, 107].

The chemical composition of the individual phases was extracted from the
EDS maps and the data are summarized in Table 4.2. The measured values
were not corrected for the specimen thickness and are thus only semiquantita-
tive, i.e. with an accuracy 5− 10 at.%. Within this margin, all observed phases –
precipitates and diffusion layer alike – consist mostly of Ti and Si (38− 55 at.%)
with a minor addition of Al (6 − 12 at.%). The measured content of Mg and V
is negligible.

There are two intermetallic phases reported in the literature with the corre-
sponding chemical composition, denoted as τ1 (orthorhombic) and τ2 (tetrag-
onal) [108]. Their basic crystallographic data are provided in Table 4.3 and the
unit cells are visualized in Figure 4.6.
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Figure 4.3: A detail of the Ti/Al6061 interface, along with the EDS concentration pro-
file across the interface with major regions labeled: Ti/Ti-6Al-4V wire (Ti), Al6061
matrix (Al), diffusion layer (DL), precipitates (P) and the transition layer with Mg seg-
regation (T).

(a) The Ti Grade 2 sample lamella (b) The Ti-6Al-4V sample lamella

Figure 4.4: Preparation of the cross-section lamellae from the interface. The features
marked at the lamellae were further investigated by TEM.
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(a) Ti Grade 2 sample

(b) Ti-6Al-4V sample

Figure 4.5: BF micrographs and EDS maps of the interface with precipitates (P) and
the diffusion layer (DL). Both diffusion layer and precipitates have a homogeneous
chemical composition, consisting of mostly Si, Al and Ti. Mg is segregated between
the diffusion layer and precipitates.
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Table 4.2: EDS analysis of the diffusion layer and individual precipitates, the labels
correspond to the labels in Figure 4.4. The data are semi-quantitative only.

Mg Al Si Ti V

(at.%) (at.%) (at.%) (at.%) (at.%)

Ti Grade 2
Diffusion layer (DL) < 0.1 10 48 42 —

Precipitate 1 (P1) < 0.1 10 38 52 —

Precipitate 2 (P2) < 0.1 12 47 41 —

Ti-6Al-4V
Diffusion layer (DL) 2 7 51 39 1

Precipitate 3 (P3) 0.1 6 55 38 1

The crystallographic information file (CIF) of the τ2 was taken directly from
the International Crystallographic Database [109], the CIF of the τ1 phase was
constructed from the CIF of its prototype phase Zr3Al4Si5 by replacing Zr with
Ti and adjusting the lattice parameters to those reported in [110].

Even though the different space group suggest otherwise, the two phases
are crystallographically similar. As seen from Table 4.3, the a and b lattice
parameters are almost identical and the c lattice parameter of the τ1 phase is
twice that of the τ2 phase. The unit cell visualizations in Figure 4.6 show that
the structure is based on the fcc lattice stacked along the c direction, with some
preferential occupation of lattice sites. The τ1 unit cell essentially consists of
two stacked τ2 unit cells, one of them mirrored and rotated. Both structures
have two types of sites – the first occupied by Si and Al atoms and the second
by Ti and Al atoms.

Diffraction experiments were performed in TEM as a next step. The ring
patterns of the polycrystalline diffusion layers are shown in Figures 4.7c and
d. The diffraction patterns were azimuthally integrated and the radial profiles
are shown in Figure 4.7e, along with the simulated peak positions of the τ1 and
τ2 phases.

A mixture of τ1 and τ2 was identified in the Ti Grade 2 sample, while only
τ2 could be detected in the Ti-6Al-4V sample. The τ1 phase is manifested by
the minor peaks at 3.3 and 4.9 nm−1, which are not found in the Ti-6Al-4V
sample profile. The peaks at 3.55 and 4.05 nm−1, corresponding to the τ2 phase,
are found in both profiles. The strong reflections at 4.5, 5.5 and 7.5 nm−1 are
common to both phases.

Three precipitates (P1, P2 (Ti Grade 2 sample) and P3 (Ti-4Al-4V sample)),
marked in Figure 4.4, were investigated by TEM. Analysis of the latter two
proved to be easier and is shown first.

The SAED patterns of the precipitates P2 and P3 are shown in Figure 4.8.
The labels P2 and P3 correspond to the labels in the Figures 4.4a and b, respec-
tively. Both diffraction patterns correspond to the τ2 phases with the c axis of
the lattice perpendicular to the longitudinal axis of the precipitate.

The analysis of the P1 precipitate is more complex. Figures 4.9a and b show
overall and detailed micrographs of the precipitate tip. Three different regions
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Table 4.3: Crystallographic parameters of τ1 and τ2 phases.

Space group
a b c

Reference
(nm) (nm) (nm)

τ1 I41/amd 0.3576 0.3576 2.715 [108, 110]

τ2 Bmmb 0.3600 0.3600 1.353 [108, 109]

Figure 4.6: Unit cells of the τ1 and τ2 phase. The τ1 phase is adapted from its prototype
Zr3Al4Si5. Coloring of individual atoms represent relative occupancies according to
the CIFs. Visualizations were prepared using the VESTA software [111].
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(a) BF TEM micrograph, Ti Grade 2 sample (b) BF TEM micrograph, Ti-6Al-4V sample

(c) SAED ring pattern, Ti Grade 2 sample (d) SAED ring pattern, Ti-6Al-4V sample
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(e) The azimuthally integrated ring patterns
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Figure 4.7: The BF micrographs and SAED ring patterns of the diffusion layers at the
interface. The line height in the azimuthally integrated profiles corresponds to the
relative peak intensity.
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(a) BF TEM, Ti Grade 2 sample (b) SAED of τ2 phase along [100], preicpitate
P2 in Ti Grade 2 sample

(c) BF TEM, Ti-6Al-4V sample (d) SAED of τ2 phase along [100], preicpitate
P3 in Ti-6Al-4V sample

Figure 4.8: The BF micrographs and SAED patterns of the τ2 precipitates at the in-
terface. The SAED pattern was taken from the areas marked with circles. The labels
correspond to the labels in Figure 4.4.
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(a) STEM micrograph of the precipitate with
the area shown in detail in (b)

(b) High-resolution TEM micrograph with
SAED areas marked

(c) τ1 phase in [010] direction (d) Complex stacking se-
quence along c axis, creating
extra {10l} type reflections
(blending into streaks)

(e) τ2 phase in [010] direction

Figure 4.9: A TEM analysis of the P1 precipitate (marked in Figure 4.4a). Three differ-
ent crystal structures were found in a single precipitate. Double diffractions in SAED
patterns are marked by grey. crosses.

were identified in Figure 4.9b, corresponding to the three SAED patterns in
Figures 4.9c–e. τ2 phase is identified in the (e) region (right) and τ1 phase in the
(c) region, both aligned with the c axis perpendicular to the longitudinal axis of
the precipitate. The modulated structure between them has many additional
diffraction spots (Figure 4.9d) of a {10l} type, but it still remains aligned with
the τ1 and τ2 phases This corresponds to a greatly increased c lattice parameter,
equal to the complex stacking sequence of the τ1/τ2-like unit cells. The a and
b lattice parameters are preserved.

We have shown that the interface of Al6061 with Ti-6Al-4V is qualitatively
the same as the interface with the Ti Grade 2, as the same phases emerged. It
was therefore decided that the 3D printed lattice would be made of Ti-6Al-4V,
as it is a more common construction material with a higher strength than unal-
loyed Ti Grade 2. The duration of the isothermal sintering step was increased
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to increase the thickness of the diffusion layer at the interface to match the
thickness observed in the Ti Grade 2 sample and reduce the porosity observed
at the interface (Figure 4.3).

Furthermore, the Al6061 was not thermally treated, though it is an age-
hardenable alloy. In order to reach the maximum strength of the whole com-
posite, the samples for mechanical testing would be subjected to additional
heat treatment after sintering in the second step of manufacturing described in
the next section.

4.2.2 Sintering with the Ti-6Al-4V Lattice

The lattice was manufactured by SLM on demand at VŠB-TUO according
to the drawings in Figure 4.1b. The SEM micrographs of the as-built lattice
are shown in Figure 4.10a. The designed thickness of the lattice strut in
was 200 µm, while the measured thickness of the as-built strut is as high as
297 ± 23 µm. This difference is understandable, because the designed thick-
ness is at the limit of the printer resolution and there are nonmelted spherical
particles attached to the printed lattice, increasing the strut thickness even
further.

The presence of such particles on the surface is generally undesirable, be-
cause they increase the surface roughness and would prevent a proper attach-
ment of the Al matrix during sintering. The lattice was therefore etched for
2 min using Kroll etchant and the result is shown in Figure 4.10b for compar-
ison with the as-built lattice. It can be seen that the spherical particles were
removed from the surface and the surface roughness has decreased. More-
over, the strut thickness was measured to be 218 ± 26 µm, much closer to the
designed thickness. This corresponds to the volume fraction of 20.8 %, assum-
ing simple cylindrical struts with the measured thickness.

The sintering was carried out according to the program described in detail
in the Material Preparation section. The samples were cut and polished, the
overview light microscopy images are shown in Figure 4.11. It is immediately
visible that the sintering was not very successful – the Al powder did not fully
penetrate into the Ti-6Al-4V lattice. The penetration was slightly deeper for the
etched lattice than for the as-built lattice due to smoother surface and smaller
strut thickness. On the other hand, thanks to the low piston pressure used, the
titanium lattice has remained undeformed with the 1 mm spacing preserved in
both directions.

The detailed SEM micrographs are shown in Figure 4.12. The sample with
the as-built lattice was sufficiently sintered less than 1 mm in depth (i.e. less
than one lattice cell). The sample sintered with the etched lattice was sintered
1 − 1.5 mm deep. The original plan of doing compression tests could not be
fulfilled, but it was possible to perform a simple the three-point bending test
from the subsurface layer (shown in Figure 4.12d) for evaluation of properties
of the interface under mechanical loading. Only the etched sample was me-
chanically tested, because the properly sintered region of the as-built sample
is too small.

The material with the etched lattice was tested in the as-sintered condition
and after the T6 heat treatment. Before the three-point bending test, the mi-
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(a) As-built lattice (b) Etched lattice

Figure 4.10: A comparison of the as-built and etched Ti-6Al-4V lattices (SE SEM mi-
crographs) in a range of magnifications.
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(a) As-built lattice

(b) Etched lattice

Figure 4.11: Low-magnification light micrographs of the as-sintered cross-sections

(a) As-built, BSE micrograph (b) As-built, SE micrograph

(c) Etched, BSE micrograph (d) Etched, SE micrograph

Figure 4.12: A comparison of the microstructure of the corner of the sintered sample.
The difference in porosity is clearly visible. The cut position for preparation of speci-
mens for three-point bending tests is marked in (d).
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(a) Interface, as-sintered (b) Ti-6Al-4V lattice, as-sintered

(c) Interface, T6 heat treated (d) Ti-6Al-4V lattice, T6 heat treated

Figure 4.13: Detailed BSE micrographs of the as-sintered and T6 aged samples pre-
pared from the etched lattice

crostructure of the samples was checked, the micrographs of the interface and
the lattice are presented in Figure 4.13.

The interfaces of both as-sintered and aged sample, shown in Figures 4.13a
and c are similar, having a homogeneous diffusion layer of 2 µm in thickness
and without interfacial porosity (as observed earlier in Figure 4.3b, thanks
to the prolonged sintering time. Figures 4.13b and d show that the lamellar
martensitic microstructure is still present after sintering, and even after the
ageing treatment (Figures 4.13d).

Four different conditions were tested by the three-point flexural test in to-
tal: the as-sintered and aged composite samples (two conditions, four speci-
mens each) and the as-sintered and T6 aged pure Al6061 alloy for comparison
(two conditions, three specimens each). The acoustic emission (AE) and DIC
were acquired during all measurements to provide a deeper insight into the
deformation mechanisms.

All deformation curves are plotted in Figure 4.14a for easy comparison.
Individual samples are then shown in Figures 4.14b–e, accompanied by the AE
signal (a cumulative count of AE events). The DIC maps (engineering strain
along X axis) at the positions marked by arrows are shown.

The pure Al6061 alloy samples show excellent plasticity (the test was
stopped before any fracture occurred) accompanied by very low AE activity,
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especially in the as-sintered sample (Figure 4.14b). Note that the AE scale is
about two orders of magnitude lower than for the composite samples. The
bending yield strength was significantly increased by the T6 ageing from 100
to 450 MPa. The deformation curves are well repeatable.

The deformation of the as-sintered Al6061/Ti-6Al-4V composite sample
(Figure 4.14d) is much less repeatable; both yield strength and ductility vary
significantly. Two specimens failed during the test (as visible on both load
drops and rise in AE events), while the other two have endured until the end of
the test. The DIC map reveals a periodicity in strained regions, corresponding
to the lattice period. It seems that the deformation is mostly accommodated by
the Al matrix and the lattice itself remains relatively undeformed, apart from
the necessary bending to accommodate the macroscopic geometry change.

The T6 aged composite is significantly more brittle than the as-sintered
composite. The yield stress is similar to the plain T6 aged Al6061 alloy, but
first signs of cracking occur almost immediately after the elastic part of the
curve (Figure 4.14e, note that the horizontal axis is shortened to show all the
features). The AE activity is high during deformation of all specimens, mark-
ing ongoing crack propagation. The DIC map shows a highly localized defor-
mation and a crack formation as well.

The deformed samples were imaged by SEM on the longitudinal cross-
section, the micrographs are shown in Figure 4.15. The white rectangle in Fig-
ure 4.15d indicates the orientation and position of the micrographs within the
samples. While no cracks are visible in the as-sintered sample Figure 4.15b),
a large crack can be observed in the aged composite sample in figure 4.15c,
propagating along the interface between the matrix and the lattice. Its detail is
shown in Figure 4.15d, the crack propagates between the diffusion layer and
the precipitates in the matrix. Some minor cracks of the diffusion layer are also
observed.
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(b) Al6061 matrix, as-sintered
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(c) Al6061 matrix, T6 heat treated
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(d) Al6061 + Ti6Al-4V, as-sintered
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(e) Al6061 + Ti6Al-4V, T6 heat treated

Figure 4.14: Results of the three-point flexural test on the sintered samples after differ-
ent ageing regimes. The non-reinforced Al6061, prepared under the same conditions,
was also measured for reference. AE signals and the DIC maps (engineering strain in
X direction) are shown for all samples in (b)–(e). Note that the scale of the AE signal
is higher by two orders of magnitude for (d) and (e).
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(a) Schematic position of the micrographs in (b) and (c)

(b) Al6061 + Ti6Al-4V, as-sintered (c) Al6061 + Ti6Al-4V, T6 heat treated

(d) Detail of the crack in (c)

Figure 4.15: Cross-section of the deformed samples. The crack propagation in the T6
heat treated compostite sample is visible.
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4.3 Discussion

Both τ1 and τ2 phases are observed in the literature with a range of compo-
sitions. The available literature data are summarized in Table 4.4. τ1 is gen-
erally reported with a lower concentration of Al than τ2, but the difference is
not very significant. Sometimes, only one of the phases (τ1/τ2) is reported in
experimentally constructed phase diagrams, despite the same annealing tem-
perature (cf. [112] and [113] at 550 ◦C). It is therefore not clear whether only τ1
or τ2 or both are the equilibrium phases. The τ1 and τ2 phases investigated in
this chapter have slightly higher concentration of Ti and lower concentration
of Si. However, it should be noted that in our case, the phases may not be in
a thermodynamic equilibrium – for example, the Si content may be limited by
a diffusion rate from the Al matrix. Finally, the accuracy of the TEM EDS data
may not be sufficient for resolving such differences.

The ambiguities in the reported phases in the literature are consistent
with the observed complex stacking sequences – both τ1 and τ2 phases were
observed together in a (kind of) single-crystalline precipitate, as shown in

Table 4.4: Composition of τ1 and τ2 phases: comparison of the literature data and our
results. This work’s data are marked in the same way as in the micrographs. Ti G2
and Ti64 stand for Ti Grade 2 and Ti-6Al-4V, respectively.

Phase Condition Source
Mg Al Si Ti V

(at.%) (at.%) (at.%) (at.%) (at.%)

τ1

45 d
550 ◦C

[112] —
7.1–
–13.9

51.9–
–59.1

33.5–
–34.2

—

45 d
700 ◦C

[108] —
6.2–
–9.3

57.5–
–60.9

32.4–
–34.0

—

τ1 & τ2
10 min
560 ◦C

this work
Ti G2, DL

< 0.1 10 48 42 —

this work
Ti G2, P1

< 0.1 10 38 52 —

τ2

132 d
550 ◦C

[113] —
10.4–
–14.2

50.8–
–53.7

33.9–
–35.4

—

45 d
700 ◦C

[108] —
10.0–
–11.6

53.9–
–55.6

34.2–
–34.5

—

this work
Ti G2, P2

< 0.1 12 47 41 —

10 min
560 ◦C

this work
Ti64, DL

2 7 51 39 1

this work
Ti64, P3

0.1 6 55 38 1
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Figures 4.9c and e. The transition phase (Figure 4.9d) closely resembles the
long-period stacking order (LPSO) phases observed in Mg-Zn-RE alloys [114],
having a similar complex stacking sequences and diffraction patterns. Such
phenomenon was already reported in the directed laser deposited TiAl alloys
[115], but not in the ternary Al-Si-Ti system yet.

Other intermetallics can be also found in Al-Ti-Mg-Si system [108, 112, 113,
116, 117]. In [118], heat treatment of friction stir welded (FSW) CP Ti + Al
alloyed with Mg produced Ti-Al-Mg intermetallics at the interface, growing
into the Al. During mechanical testing, cracking occurred between Ti and the
intermetallic layer. The layers up to 80 µm in thickness have grown after 40 h
of annealing of FSW Al + Ti [119]. The Al-Ti-Si intermetallics were found to be
exceptionally thermodynamically stable, producing 1.5 µm thick layer (after
1 h at 600 ◦C) even when joining Ti with Al alloy containing only 0.12 at.% of
Si [120].

From the microstructural point of view, a continuous intermetallic interface
without thermal stress cracking was produced in the thesis. This is comparable
with the results by [121] for diffusion bonding of Ti Grade 2 with Al7075 alloy
(510 ◦C, 17 MPa for 37 min), with the diffusion layer reaching 7 µm and able to
withstand a shear stress up to 82 MPa. Unfortunately, the composition of the
interfacial layer was not assessed in the report. Their alloy contained Cu and
Zn, which may improve the bonding [122]. The diffusion bonding between Ti
Grade 2 and Al6061 was also performed (520 ◦C, 6 MPa, 60 min), resulting in
a continuous intermetallic layer 1 µm thick, without the precipitates in the Al
matrix. However, this was carried out below the Mg2Si solvus temperature
(526 ◦C), meaning that Mg is found in the precipitates within the matrix and
does not segregate at the interface.

In [123], Ti Grade 2 and Ti-6Al-4V were diffusion bonded to Al6016 (Al-
1.2Si-0.4Mg) and Al5056 (Al-5Mg-0.1Mn-0.1Cr) alloys. Only the Ti Grade 2 +
Al5056 combination produced a 1 µm thick intermetallic zone after 60 min at
520 ◦C, while no diffusion zone was reported for other combinations. Cracking
occurred in the Al near the interface. In ultrasonic-assisted friction stir welded
Ti-6Al-4V + Al6061, intermetallic layer of 2 − 3 µm thick was reported [124],
the tensile properties having improved with the thicker interface.

From macroscopic point of view, the penetration of the Al powder into the
printed lattice is very poor. This is caused by the lattice having too small open-
ings for the given particle size. This is also demonstrated by the differences
between the as-built and etched lattices, with the latter showing better pene-
tration both due to smoother surface and reduced strut size. Moreover, when
the powder was already consolidated at the top and bottom part, the piston
pressure could not be transmitted further into the lattice, despite the Al being
just below the solidus temperature and having very low yield stress. In the
paper which inspired this chapter [77], the unit cell of the reinforcing lattice
was an order of magnitude larger (10 mm × 10 mm × 10 mm) with the struts
relatively thinner (1 mm), while the powder size was 100 − 300 µm in diame-
ter. Similar dimensions were reported in [78] – the lattice size of 8.5 mm with
the 1 mm strut size and a particle diameter of 20 − 60 µm. Powder penetra-
tion was better in both cases, with no reported issues with the porosity in the
sample centre.
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The three-point bending tests have revealed that the composite can be con-
sidered effective only when reinforcing the soft and ductile solution treated Al
alloy, which can accommodate the strain. However, the reinforcement is not
effective with the properly aged Al6061 alloy, which has high strength and the
load is thus transferred to the interface in full. The crack propagates between
the diffusion layer and the precipitates, i.e. along the Mg rich layer. The strain
localization is highlighted by the DIC measurements from the very beginning
of the deformation. It follows that the interfacial strength could be increased
by using a different Al alloy, not containing Mg.

4.4 Summary

Two composite materials – Al6061 + Ti Grade 2 or Ti-6Al-4V were prepared
by the field-assisted sintering technology. Intermetallic layer and precipitates
are formed at the interface, corresponding to the τ1 and τ2 Al-Si-Ti phases. It
was shown that these phases are closely related and intermediary phase with
a complex stacking sequence can be formed, resembling the LPSO phases ob-
served in Mg alloys.

The sintering of the 3D printed Ti-6Al-4V lattice resulted in the same inter-
facial microstructure, but it was not successful on the macroscopic scale due to
poor penetration of the powder into the lattice. The material was sintered only
1 mm into the depth. Therefore, only three point bending deformation tests
could be performed.

The deformation tests with the DIC have shown that the mechanical prop-
erties were improved only when using a very soft matrix. The properly aged
Al6061 alloy has the same strength and a significantly better ductility than the
composite material.

The first part of the chapter was published as a journal paper:

Kozlík, J., Veselý, J., Stráský, J., Chráska, T. & Janeček, M. Interface of a
Al6061/Ti Composite Prepared by Field Assisted Sintering Technique. Metals
11. DOI: 10.3390/met11010073 (2021).

Even though the ageing of the composite was not very successful, it
brought us to the idea of performing the annealing treatment directly in the
FAST device within a single process. Al alloys are, however, not suitable for
this approach due to long annealing times (unsuitable for FAST) and low
annealing temperatures (making the standard heat treatment easy to per-
form). Metastable Ti alloys are different matter due to a strong dependence of
mechanical properties on even short thermal treatments, which are performed
at higher temperatures and often require controlled environment preventing
contamination – this all can be provided by FAST.
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5 Blended Elemental Powder
Metallurgy of
Ti-5Al-5V-5Mo-3Cr Alloy

In this chapter, we would like to show that it is possible to sinter, homoge-
nize and age a sample in the FAST furnace in a single run – starting from the
blended elemental powders, ending with a sample ready for standard sized
tensile testing. This approach was tested on a commercially available Ti-5Al-
5V-5Mo-3Cr alloy (abbreviated as Ti5553).

One of the challenges of the FAST is a limited size of specimens available for
mechanical testing. In particular, when the samples are prepared from blended
elemental powders at high temperature, the grain size is large and the speci-
men cross-section contains only few grains, compromising the test. Therefore,
upscaling of the process is crucial – not only for the sake of mechanical test-
ing, but also to be able to produce larger parts. A custom FAST assembly was
designed, able to withstand the sintering pressure at the high temperatures
necessary for BEPM.

The microstructural optimization was done first using standard small-scale
specimens and the process was then upscaled to prepare standard-sized sam-
ples for mechanical testing.

5.1 Material Preparation

Powders

The Ti5553 alloy was prepared using FAST from two raw materials – a blend of
elemental powders (hereafter referred to as BE) and a prealloyed powder (re-
ferred to as PA) for comparison. The basic information about the powder sup-
plier, morphology, size distribution and chemical composition are presented
in Table 5.1. Elemental Ti, Al, V and Cr powders were used. However, Ti-
15Mo master alloy powder was used instead of pure Mo, to promote the ho-
mogenization, since the diffusion of Mo is significantly slower. All powders
were handled in air, with the notable exception of V powder, which is most
sensitive to oxidation at ambient conditions and which was handled in an Ar
filled glovebox. Two batches of V were used for sintering – the first one for
the BE samples sintered at 1400 ◦C, but this V powder was found to be exten-
sively contaminated by O. Another supplier was selected for the second batch
of samples (sintered at 1500 ◦C) and for the sintering of a long rod. The similar
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Table 5.1: The powders used for sintering. The particle size and morphology are taken
from the supplier’s datasheet, the chemical composition was measured independently
by CGHE (carrier gas hot extraction). The numbers in parentheses are standard un-
certainties of the last digits calculated from measurements of three specimens.

Powder Manufacturer
Particle size &
morphology

O N H

(wt%) (wt%) (wt%)

Ti-5Al-5V-
5Mo-3Cr

AP&C
spherical

20 − 63 µm
0.107(2) 0.015(1) 0.002(1)

Ti TLS Technik
spherical

10 − 80 µm
0.163(1) 0.008(1) 0.001(1)

Ti-15Mo TLS Technik
spherical

10 − 80 µm
0.198(5) 0.014(1) < 0.001

V
(BE 1400 °C)

Alfa Aesar
irregular
< 45 µm

2.263(6) 0.029(1) 0.049(1)

V
(BE 1500 °C)

Goodfellow
irregular
< 45 µm

0.765(7) 0.046(1) 0.015(1)

Cr Alfa Aesar
irregular
< 45 µm

0.636(3) 0.004(1) 0.015(1)

Al Alfa Aesar
irregular
< 45 µm

0.428(27) 0.002(1) 0.009(1)

size of all powders is desirable for easier mixing and to prevent formation of
agglomerates.

The powders were mixed using an in-house built rotational mixing device
(a half-filled vial, eccentrically placed in a rotating drum). Morphology of the
powders and homogeneity of the blend are shown in Figure 5.1. The EDS
mapping (Figures 5.1b and c) has shown that no clusters or agglomerates are
formed during mixing and that the powder blend is homogeneous.

Sintering

The sintering was done in two series – the first set consisted of standard-sized
specimens (30 min in diameter, 10 mm in height) and was used for investiga-
tions of the ageing schemes and optimization of the process. The optimized
program was then used for sintering of the second batch – the long rod for
mechanical testing. The sintering programs are plotted in Figure 5.2.

The sintering starts with applying the pressure of 20 MPa, the sample is
then heated to 600 ◦C and held there for 15 min. This step is used for reaction
of the Al particles with other materials to prevent their sudden melting further
in the process. The heating is then resumed at the rate of 100 K/min up to the
designated sintering temperature (1000, 1400 or 1500 ◦C). After reaching it, the
pressure is increased to 30 MPa and the sintering and the 30 min homogeniza-
tion step starts. Then, the heating is turned off and the sample cools down
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(a) Detail of the BE powder morphology

(b) Low magnification micrograph corre-
sponding to (c)

(c) EDS map showing the homogeneous
blend

Figure 5.1: BSE micrographs of the powder morphology and a homogeneity of the
blend. The EDS map in (b) corresponds to the BSE micrograph in (c).

freely, mostly by conduction of heat to the water-cooled pistons. The cooling
rate is not actively controlled, its rate is comparable to air cooling (an order of
100 K/min). The cooling either continues all the way down to the RT (black
line in Figure 5.2), or the heating is resumed and the process continues by an
ageing step. The first program (red line in Figure 5.2) has two ageing steps –
30 min dwell at 800 ◦C, followed by 30 min at 600 ◦C, the second program (or-
ange line in Figure 5.2) has only a single ageing step at 600 ◦C for 30 min. Both
samples are then cooled to the RT after the ageing. Both programs with ageing
simulate conventionally used treatment of the Ti5553 alloy [50]. The temper-
ature overshoot of the as-sintered sample (black line in Figure 5.2) at 5 min
was caused by a malfunction of the temperature regulator, but it is considered
to have no effect on the outcome of the sintering, as the main stage occurs at
1500 ◦C.

The temperature was controlled by a C-type thermocouple in the bottom
piston (cf. Figure 3.1). A tungsten foil was used as an inner spacer to prevent
carbon contamination and formation of carbides due to high sintering temper-
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Figure 5.2: The sintering process parameters during three different programs – sinter-
ing only (black line) and two different in-situ ageing schemes (red + orange lines). The
applied piston pressure was identical for all samples and programs (blue line). The
presented records relate the BE samples sintered at 1500 ◦C. The temperature spike at
the black line at 5 min is caused by a fault in the temperature regulator, but it is con-
sidered to have no effect on the outcome of the sintering and homogenization process.
The temperature and piston position data for the long rod are shown as well (green
lines).

atures. The resulting samples have the diameter of 30 mm and the height of
approximately 10 mm.

As a next step, the die was upscaled for long rod production to compare its
mechanical properties with the conventionally cast and forged (CF) Ti5553 al-
loy produced by TIMET. We have designed a special assembly for preparation
of a long rod (having 15 mm in diameter and approximately 75 mm in length),
allowing us to prepare tensile specimens of a standard size (see the Figure 3.3
for the drawing).

The experimental setup and the die assembly were designed in cooperation
with the Institute of Plasma Physics. While it is easy to manufacture a long
graphite die, large radial forces in the middle of the die height caused by the
piston pressure would lead to its failure at high temperatures. Therefore, an
outer shell for the graphite die had to be manufactured from a Ti-Zr-Mo (TZM)
alloy (supplied by Plansee) with a good creep resistance and high temperature
strength. The whole assembly is shown in Figure 5.3.

Heat Treatment

We could not perform an absolutely equivalent in-situ ageing of the cast +
forged (CF) rod inside the FAST furnace. However, for the sake of comparison,
maintaining a similar thermal history for both sintered and CF conditions is
crucial. As illustrated in Figure 5.4, the sintered rod (green line) was cooled
directly to the RT after the sintering stage with no additional heat-treatment
in the FAST device. Consequently, both sintered rod and as-received CF rod
were heat treated together using the scheme shown in Figure 5.4 (green-purple
line).
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(a) The assembly within the
sintering chamber prior to the
sintering (the counterweight
is necessary to prevent slid-
ing of the heavy TZM housing
down).

(b) A detail of the die design showing the inner
graphite die in the TZM housing.

Figure 5.3: The experimental setup for high temperature sintering of large rods

This heat treatment was designed to imitate the in-situ ageing in the FAST
furnace, namely the ‘sintered + 600 ◦C’ program in Figure 5.2 (the orange line),
as closely as possible. However, simple heating to 600 ◦C from RT would be
wrong, because the ageing temperature during in-situ sintering is approached
from temperatures above the beta-transus temperature. Therefore, both rods
(sintered and CF) must be exposed to the temperature above the beta-transus
temperature before the final ageing step. A following procedure was designed:
annealing treatment at 900 ◦C for 1 h, direct aging at 600 ◦C for 30 min and air
cooling. Two pre-heated furnaces (at 900 and 600 ◦C) were used and the rods
were encapsulated in a fused quartz tube under high vacuum to prevent any
oxidation. The critical part is the change of temperature from 900 to 600 ◦C
without undercooling.

A simple 1D temperature simulation of the cooling from 900 to 600 ◦C dur-
ing the sample transfer between the two furnaces is plotted in Figure 5.5, along
with the experimental temperature data of the in-situ ageing in the FAST fur-
nace (‘sintered + 600 ◦C’ program, orange line in Figure 5.2). It can be clearly
seen that while there are some differences, such as faster initial cooling of the
samples transferred between furnaces, the steady state of 600 ◦C is reached af-
ter 10 min for both conditions. It can be therefore concluded that the designed
alternative heat treatment method is a satisfactory representation of the in-situ
ageing in the FAST furnace and that the samples of the first batch (small spec-
imens) and second batch (rods) can be compared. This is also further justified
by a microstructural correspondence, shown later in the Results and Discus-
sion section.

The tensile tests were then performed at the rate of 10−3 s−1. For the tensile
specimen geometry, please refer to the Experimental methods, section 3.5.2.
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Table 5.2: The results of a chemical analysis by a carrier-gas hot extraction (CGHE)
method on selected samples. The numbers in parentheses are standard uncertainties
of the last digits calculated from measurements on three specimens. The data for the
blended elements (BE) powder were calculated as weighted averages of the measured
powder data (given in Table 5.1): using the actual weight ratios for mixing. The com-
position of the prealloyed powder is shown again for comparison.

Material Condition
O N H

(wt%) (wt%) (wt%)

Prealloyed 1000 ◦C 0.099(1) 0.012(1) —

Prealloyed 1400 ◦C 0.096(2) 0.012(1) —

Prealloyed 1500 ◦C 0.095(3) 0.010(1) —

Blended elements 1400 ◦C 0.320(9) 0.016(1) —

Blended elements 1500 ◦C 0.199(14) 0.014(2) —

Blended elements 1500 + 800 + 600 ◦C 0.191(5) 0.012(2) —

Blended elements 1500 + 600 ◦C 0.187(6) 0.013(2) —

Prealloyed powder 0.107(2) 0.015(1) 0.002(1)

Blended elements
powder (V by

Goodfellow)
calculated

0.232 0.012 0.002

5.2 Results and Discussion

5.2.1 Microstructure Optimization

The as-sintered samples were subjected to chemical analysis, its results are
summarized in Table 5.2. As the hydrogen concentration was low in the pow-
ders already and there is no source of possible hydrogen contamination during
the sintering process, it was not measured in the bulk samples.

The oxygen concentration decreased during sintering of the PA powder
with only negligible differences between the sintering conditions. The de-
crease can be attributed to desorption of volatile compounds (e.g. water vapor)
from the powders during heating in vacuum. While the powders are measured
with the adsorbed compounds, the measurement of the bulk samples is per-
formed after the desorption takes place, i.e. without the adsorbed compounds.
The negligible difference between the sintering temperatures proves that its
increase does not have an impact on the oxygen contamination.

The oxygen concentration of the blended elements (BE) samples is signifi-
cantly higher due to the higher contamination of the raw powders. The highest
concentration is measured for the BE sample at 1400 ◦C, as the contaminated V
powder was used, however the contamination was resolved only after the sin-
tering. For comparison, theoretical contamination of blended elements pow-
der is also calculated by summing the individual powder contaminations from
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Table 5.1 for the BE samples sintered at 1500 ◦C (with the low-oxygen vana-
dium powder). This is shown at the bottom of Table 5.2. Despite V, Cr and
Al powders having a relatively high oxygen concentration, the overall oxygen
contamination is still determined mostly by Ti and Ti-15Mo (containing 0.16
and 0.20 wt% of O, respectively) alloy powders due to their high fractions in
the alloy. However, the oxygen content of Ti compiles with the Grade 1 ASTM
standard [43], which is the most strict in terms of O content. As in the previous
case (PA powder), an overall oxygen content (around 0.19 wt%) is lower than
expected from a rule of mixtures (0.23 wt%), which may be again attributed
to desorption of volatile compounds during sintering. The difference is even
more pronounced here than in the case of the PA powder, because V, Cr and Al
have irregular shape and thus higher specific surface available for adsorption
and desorption. Once again, only a negligible difference between the samples
with different ageing regimes proves that the ageing does not influence the
oxygen content of the material. The nitrogen contamination is low in all sam-
ples, corresponding to the low concentration of nitrogen in the raw powders.

As a next step, we have analyzed microstructures of the as-sintered sam-
ples (those without ageing steps). A total of five conditions were analyzed –
the prealloyed (PA) powder sintered at 1000, 1400 and 1500 ◦C and the blended
elemental powder sintered at 1400 and 1500 ◦C. 1000 ◦C was not used for sin-
tering form BE powders, because the alloy would not chemically homogenize
at this temperature [26, 30]. The low magnification micrographs are shown in
Figure 5.6. Grain size of the PA powder increases with the increasing sinter-
ing temperature – from below 100 µm at 1000 ◦C (Figure 5.6a) up to 1 mm at
1500 ◦C (Figure 5.6d). The grains in the BE samples are generally smaller than
in the PA samples sintered at the same temperature, ranging from 300 µm at
1400 ◦C up to 800 µm at 1500 ◦C. This is attributed to the higher oxygen content
of the BE material, suppressing the β grain growth at the sintering temperature
[125, 126].

No porosity was detected in any of the samples due to the high sintering
temperature (the occasional black dots at the micrographs in Figure 5.6 are
remnants of the polishing suspension). Commercially pure titanium can be
typically sintered to full density at the temperatures around 800 ◦C [127], al-
loys with high concentration of refractory alloying elements, such as TNTZ
alloy are sintered at 1100 ◦C [25, 128]. However, a touchstone of the sintering
process is not reaching a full density in this case, but reaching a good chem-
ical homogeneity. It can be immediately seen from the modulated brightness
of the BE sample sintered at 1400 ◦C (Figure 5.6c), caused by a compositional
contrast, that the chemical homogeneity of this sample is not sufficient.

EDS linescans were performed on both BE samples after sintering stage
and on the PA sample sintered at 1500 ◦C as a benchmark. The linescan was
measured over the length of 3.2 mm with a 10 µm step size. The measured
concentrations are plotted in Figure 5.7 for each of the four alloying elements.
It should be noted that a precise quantification is difficult due to overlapping
Ti K, V K and Cr K peaks. Smoothing was carried out by a Savitzky-Golay filter
with a 10-point window to filter out the noise. The standard deviations were
then calculated from the smoothed data and are shown alongside the curves
in Figure 5.7.
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(a) PA, 1000 ◦C

(b) PA, 1400 ◦C (c) BE, 1400 ◦C

(d) PA, 1500 ◦C (e) BE, 1500 ◦C

Figure 5.6: BSE micrographs comparing the as-sintered Ti5553 alloy sintered under
different conditions. The small black dots are remnants of the polishing suspension.

The homogeneity of the BE sample sintered at 1400 ◦C is significantly worse
than the PA benchmark in all elements, most notably in V (0.97 vs. 0.09 wt%,
respectively – a difference of an order of magnitude). This clearly indicates
that 30 min at 1400 ◦C is insufficient for a full homogenization of the alloy.

The BE sample sintered at 1500 ◦C is significantly more homogeneous. The
homogeneity is comparable to the benchmark PA sample in Al, Cr and Mo
concentration, while the V concentration deviation is about two times higher.
Nevertheless, the standard deviation of 0.24 wt% is still very good, provided
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Figure 5.7: A comparison of EDS line profiles and standard deviations of concentra-
tions of four alloying elements. The length of the line is 3.2 mm with 10 µm step size.
The raw data were filtered using a Savitzky-Golay filter (shown as lines). The filtered
line was used for calculation of σ.

that blended elemental powder was used as a feedstock. From now on, only
the BE sample sintered at 1500 ◦C will be investigated and subjected to the
in-situ ageing treatment.

The results of the microhardness measurements can be found in Table 5.3.
All PA samples have the same microhardness within the measurement uncer-
tainty. The microhardness of the BE sample is significantly higher than that
of the PA samples (390 vs 290 HV, respectively). Moreover, the scatter of the
individual measurements of the BE sample is larger. Both phenomena can
be attributed to the higher oxygen content in the BE. The effect of oxygen is
twofold: first, direct solid solution strengthening, and second, indirect effect
through influencing the phase composition. SEM analysis was performed for
further explanation.

The detailed SEM micrographs of the as-sintered conditions are shown in
Figures 5.8a, b. It can be clearly seen that while the PA sample consists of
almost single-phase β microstructure (with a minor fraction of grain bound-
ary α), the BE sample has a two-phase α+ β microstructure with very fine α

lamellae. This is caused by an increased oxygen content in the BE alloy, which
acts as a strong α stabilizer [41] and promotes precipitation of α phase during
cooling. Some single phase β regions are preserved in the BE alloy (bottom of
Figure 5.8b) thanks to the residual V concentration inhomogeneities (cf. Fig-
ure 5.7), which can shift the stability back towards β. These microstructural
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Table 5.3: Comparison of a Vickers microhardness of the Ti5553 alloy prepared from
prealloyed and blended elemental powders in the as-sintered condition.

Material Condition
Microhardness

(HV0.5)

Prealloyed 1000 ◦C 290 ± 5

Prealloyed 1400 ◦C 291 ± 5

Prealloyed 1500 ◦C 296 ± 7

Blended elements 1500 ◦C 391 ± 31

heterogeneities then influence the local microhardness and lead to the larger
standard deviation of microhardness in the BE sample than in the PA sample
(31 vs. 7 HV, respectively).

For the in-situ ageing experiments, the BE samples sintered at 1500 ◦C and
the PA samples sintered at 1400 ◦C were selected, because their grain size is
similar, allowing a direct comparison (Figures 5.6e and b, respectively). Two
different ageing heat treatments were employed, as described above in the Ma-
terial Preparation section. The microstructure of the aged samples is shown in
Figures 5.8c–f.

The microstructure of the aged PA and BE samples is similar for both ageing
schemes, despite the differences observed in the as-sintered condition. Both
samples aged at 800 + 600 ◦C contain relatively large grain boundary α phase
precipitates. These were formed during the 800 ◦C step, when the nucleation
barrier in the grain interior was high and only heterogeneous precipitation
at grain boundaries (GBs) as preferential sites was possible. The lamellar α

phase particles precipitated in the grain interior during the 600 ◦C step. The
lamellae in the BE sample are finer than in the PA sample. This is due to the
higher O content, which increased the β transus temperature and increased
the undercooling of the β phase matrix at the ageing temperature, leading to
finer α precipitates.

The results of ageing at 600 ◦C are shown in Figures 5.8e and f. In the ab-
sence of the 800 ◦C step, there is only a small amount of the GB α, contrary to
the two-step ageing. Similarly to the previous case, the α lamellae within the
grains are finer in the BE sample due to the higher oxygen content and larger
undercooling. Such lamellar α+ β microstructure is commonly observed in
the commercial alloys after ageing [49, 50].

The results of microhardness measurements on the aged samples are
shown in Table 5.4, the results on the as-sintered samples from Table 5.3 are
shown for comparison. There is a significant increase in microhardness of the
PA samples from 291 HV in the as-sintered condition to 370 and 380 HV in the
aged condition due to the change from the single-phase β microstructure to
the two-phase lamellar α+ β microstructure via precipitation strengthening.
The single-step annealed PA sample exhibits slightly higher microhardness
due to finer α lamellae (see Figures 5.8c and e).
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(a) PA, 1400 ◦C (b) BE, 1500 ◦C

(c) PA, 1400 ◦C + 800 ◦C + 600 ◦C (d) BE, 1500 ◦C + 800 ◦C + 600 ◦C

(e) PA, 1400 ◦C + 600 ◦C (f) BE, 1500 ◦C + 600 ◦C

Figure 5.8: The detailed BSE micrographs of the prealloyed (PA) and blended elemen-
tal (BE) samples after the different ageing schemes. Note that while the microstructure
is significantly different in the as-sintered condition (a, b), the heat treatments smooth
the differences and similar microstructure is produced for both manufacturing ap-
proaches – two-step annealing at 800 ◦C and 600 ◦C (c, d) and a single-step annealing
at 600 ◦C (e, f).
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Table 5.4: Comparison of a Vickers microhardness of the Ti5553 alloy prepared from
prealloyed and blended elemental powders in the as-sintered condition.

Material
Sintering

temperature
Ageing

Microhardness

(HV0.5)

Prealloyed 1400 ◦C as-sintered 290 ± 5

Prealloyed 1400 ◦C 800 ◦C + 600 ◦C 370 ± 5

Prealloyed 1400 ◦C 600 ◦C 380 ± 5

Blended elements 1500 ◦C as-sintered 391 ± 31

Blended elements 1500 ◦C 800 ◦C + 600 ◦C 429 ± 10

Blended elements 1500 ◦C 600 ◦C 421 ± 10

The increase in the microhardness of the BE samples is smaller, but only
because the microhardness of the as-sintered sample was already high. The
microhardness of the aged samples increased from 391 HV to 429 and 421 HV,
but the standard deviation decreased from 31 to 10 HV. This is due to more
homogeneous microstructure, which now consists only of the lamellar α+ β

microstructure, without any regions with β phase only, observed in the as-
sintered sample (Figure 5.8b).

A comparison of the corresponding PA and BE conditions shows that there
is still a significant difference in microhardness (370–380 HV and 429–421 HV,
respectively), despite the almost identical microstructure. This is caused by
higher oxygen content in the BE alloy (cf. Table 5.2), causing solid solution
strengthening in both α and β phases.

The presence of GB α is generally considered detrimental for mechanical
properties of the alloy. Therefore, the single step ageing scheme was selected
to prepare the sintered long rod with optimized microstructure, which will be
used to measure the macroscopic mechanical properties.

5.2.2 Sintering of a Long Rod

It was shown in the previous section that the Ti5553 alloy can be sintered from
the blended elemental powders, homogenized and aged in a single processing
run, and that the microstructure and microhardness are comparable to the al-
loy sintered from the prealloyed powder. However, only a miniaturized speci-
men can be prepared from a standard-sized FAST sample, which is unsuitable
due to relatively large grains in comparison with the specimen cross-section.
Moreover, a standard-sized tensile specimen is desired for a reliable compari-
son with a conventionally produced alloy.

Therefore, a long rod (15 mm in diameter, 75 mm in length) was sintered
by FAST and aged under the conditions imitating the in-situ ageing as closely
as possible (Figure 5.9). This alloy was compared to the commercially avail-
able cast and forged (CF) Ti5553 alloy, which underwent exactly the same ther-
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Figure 5.9: A photo of the as-sintered rod

mal processing as the sintered rod. The details were provided in the Material
Preparation section of this chapter.

The content of oxygen and nitrogen was checked after the heat treatment in
both FAST and CF rods, the results are presented in Table 5.5. The O concen-
tration of the sintered rod is higher than measured in the small specimens, but
it corresponds to the concentration estimated from the powder composition
(cf. Table 5.2). This could be caused by larger specimen size, which may slow
down or prevent degassing of the powders during early stages of sintering,
i.e. before the pores of the sample were closed. The value is also slightly larger
than the maximum concentration allowed by the alloy specification (0.18 wt%)
according to the TIMET datasheet for the CF material. The nitrogen concentra-
tion is low in both samples.

The microstructure of the sintered and CF rods was checked before the me-
chanical testing, the micrographs are shown in Figure 5.10. Both samples have
a two-phase lamellar α + β microstructure, which is of the same scale and
morphology, as was observed in the in-situ aged samples from the first series
(Figures 5.8e, f). This validates the thermal simulation results and justifies the
heat treatment scheme used. All samples are assumed to represent the same
microstructural condition and can be directly compared to each other.

Finally, the tensile specimens were manufactured according to the draw-
ing (Figure 3.3). Two specimens were planned for each sample, but one of
the sintered specimens was damaged during preparation and thus not mea-
sured. The resulting true stress-strain curves are shown in Figure 5.11a. Both
samples exhibit a high yield stress of 1215 ± 4 MPa (CF sample) and 1183 MPa
(sintered sample). Moreover, a moderate ductility of 6 % in tension was mea-

Table 5.5: The measured oxygen and nitrogen content of the rod samples for tensile
testing. Three measurements were performed for each material. Standard uncertain-
ties of the last digits are given in the parentheses.

O N

(wt%) (wt%)

Cast + forged rod 0.164(11) 0.007(1)

Sintered rod 0.231(24) 0.005(1)
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(a) Cast + forged + heat treated (b) Sintered + heat treated

Figure 5.10: The microstructure comparison of the CF and sintered rods (BSE micro-
graphs)
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Figure 5.11: Results of the tensile test: a comparison of conventionally prepared and
sintered Ti5553 rods and comparison with the earlier results after various heat treat-
ments. The mechanical properties of the sintered material are comparable to the cast
and forged alloy and to the properties measured on a similar Ti5553-1Zr alloy.

sured for the sintered sample, being comparable with the CF sample, reaching
6.8 ± 2.3 %. The measured values are plotted in Figure 5.11b and compared
with the available literature data.

It is clearly visible that the alloy sintered from the BE powder matches the
properties of the conventionally produced similar Ti5553-1Zr alloys, which
underwent the identical heat treatment [49, 54]. The values of ductility and
strength also exceed those obtained after longer ageing in [50]. The optimal
combination of the yield strength of 1000 − 1100 MPa and ductility of 8 − 16 %
in tension was reported in [50] after more complex heat treatment with an ad-
ditional intermediate ageing step.

70



5.3 Summary

We have shown that a fully dense and homogenous Ti-5Al-5V-5Mo-3Cr alloy
can be prepared by FAST sintering at 1500 ◦C from the blended elemental pow-
ders. No additional contamination occurred during sintering. After the con-
solidation, the alloy can be in-situ aged in the FAST device at 600 ◦C (without
intermediate cooling to the RT), resulting in a homogenous two-phase lamellar
α+ β microstructure.

Using an in-house designed sintering assembly, the sintering process can
be upscaled for production of long rods. This rod exhibited the high yield
strength of 1183 MPa and the ductility of 6 % after ageing scheme simulating
the in-situ ageing in the FAST furnace. These results are fully comparable with
the commercially produced (cast and forged) material.

The proposed sintering method integrates three steps into a single process-
ing run: the sintering, homogenization and ageing. The possibility of upscal-
ing opens the door for near-net shape production of small, but complex spe-
cialized parts, such as fasteners in aerospace industry.

The results presented in this chapter were published in Metallurgical and
Materials Transactions A:

Kozlík, J., Preisler, D., Haasová, M., Stráský, J., Chráska, T. & Janeček, M.
Mechanical Properties of Ti–5Al–5V–5Mo–3Cr Alloy Sintered From Blended
Elemental Powders. Metallurgical and Materials Transactions A. ISSN: 1543-1940.
DOI: 10.1007/s11661-023- 07048-2 (2023).

Since we have now demonstrated the viability of the BEPM approach, we
should exploit it even further – by preparing materials with a compositional
gradient by deliberately using lower sintering temperature and slowing the
homogenization. The gradient in concentration can be used to optimize the
alloy composition towards the desired microstructure and this optimized alloy
can be then prepared as a homogenous sample for further investigations.

This will be a topic of the next chapter.
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6 Blended Elemental Powder
Metallurgy of Ti-Nb-Zr-O Alloys

We have demonstrated in the previous chapter that using blended elemental
powder metallurgy (BEPM) to sinter Ti alloys is a viable approach. Now we
would like to use the method to investigate the Ti-Nb-Zr-O alloying system –
a biocompatible system that has been thoroughly studied at our department.
Multiple phases can form in the alloy following rather complex transforma-
tion paths, strongly depending on the alloy’s chemical composition and ther-
mal processing history. The purpose of the BEPM approach is twofold: it is a
tool for easy tuning the chemical composition in homogeneous samples, and
moreover, by controlling the level of homogenization, compositionally hetero-
geneous samples can be prepared to observe the composition-dependent mi-
crostructural features in a single sample. Such an approach is an example of
high-throughput methods.

In the first part, we will show how can the alloy composition be optimized
using heterogeneous samples. We try to make use of the fact that Nb, as a main
β stabilizing element in the studied alloys, also has the slowest interdiffusion
in the alloy. Therefore, it homogenizes as the last element and gradients in
the Nb concentration can be easily prepared. Phase composition can then be
investigated along this Nb gradient and the chemical composition measured
at regions of interest.

In the second part, several homogeneous alloys within the compositional
range of interest determined in the first part (having different Nb and O con-
centrations) will be prepared by BEPM and subjected to phase and mechanical
properties analysis.

6.1 Material Preparation

The alloy was prepared using blended elemental powder metallurgy. Proper-
ties of the raw powders are summarized in Table 6.1. Two Nb powders are
listed in the table. The first one, with a broad size distribution (up to 500 µm),
was used for sintering samples with a compositional gradient, ensuring that
the alloy would not homogenize completely. In contrast, the second one has
a smaller size to enhance the homogenization rate to prepare homogeneous
samples. TiO2 was introduced as a controllable source of oxygen, an approach
used in recently published papers [129, 130].

Zr Grade 702 is a commercially pure grade of Zr, which may contain a small
amount of Hf. These elements are chemically similar, and their separation
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Table 6.1: The powders used for sintering. The particle size and morphology are taken
from the supplier’s datasheet, the chemical contamination was measured indepen-
dently by CGHE (carrier gas hot extraction) method. The numbers in brackets are
standard deviations of three measured specimens. An accurate measurement of O
content in TiO2 was not possible by this method.

Powder Manufacturer
Particle size &
morphology

O N H

(wt%) (wt%) (wt%)

Nb (for
heterogeneous

sample)
Alfa Aesar

irregular
20 − 500 µm

0.240(40) — —

Nb (for
homogeneous

samples)
Alfa Aesar

irregular
< 44 µm

0.412(1) 0.073(1) 0.047(1)

Zr (Grade 702) TLS Technik
spherical

20 − 80 µm
0.175(1) 0.009(1) 0.001(1)

TiO2 (anatase) Sigma Aldrich
agglomerated

< 1 µm
— 0.004(2) 0.017(3)

Ti Grade 2 TLS Technik
spherical

20 − 80 µm
0.177(4) 0.008(1) 0.001(1)

is expensive and therefore performed only when necessary, i.e., for nuclear
applications.

The chemical contamination was measured by CGHE (except for Nb for
heterogeneous samples when the measurement was unavailable and the sup-
plier’s value was used). Contamination of Ti and Zr is within the limits of
commercial purity. Contamination of Nb for homogeneous samples is rela-
tively high for all elements, mainly caused by its irregular morphology and a
large specific surface area. All handling was performed in the air.

The powders were mixed using an in-house built rotational mixing device
(a half-filled vial, eccentrically placed in a rotating drum). The morphology of
the powders and the homogeneity of the blend is shown in Figure 6.1, along
with the corresponding EDS map. The blend is well mixed and the individual
powers are well dispersed, showing no clustering.

6.1.1 Heterogeneous Samples

A powder blend with a nominal composition of Ti-29Nb-7Zr-0.8O (wt%) was
prepared. Approximately 9 g of powder was filled into a graphite die (15 mm
in diameter). Graphite foils were used as spacers between the sample and the
die.

The sintering program started with heating at the rate of 200 K/min up to
the temperature 50 K below the sintering temperature when the rate was re-
duced to 50 K/min to avoid overshooting the target temperature. Then, the
piston pressure was increased to 80 MPa and the isothermal stage of the sin-
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(a) SEM BSE micrograph (b) EDS map

Figure 6.1: The powder blend for sintering of heterogeneous samples showing the size
and morphology of the individual elemental powders.
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Figure 6.2: Process parameters during the sintering program for the heterogeneous
samples (1300 ◦C for 30 min shown); isothermal part is shown in a reduced length. The
cooling rate is also plotted for the cooling stage, it is reproducible for all samples. The
pyrometer readings below 600 ◦C are not reliable and should be used with caution.

tering was carried out. Three samples were prepared at different conditions:
15 min at 1300 ◦C, 30 min at 1300 ◦C and 15 min at 1400 ◦C. The isothermal part
was followed by free cooling with a cooling rate of approximately 200 K/min
at 800 ◦C and around 100 K/min at 600 ◦C; the cooling rate is comparable to air
cooling. The actual course of the critical process parameters is shown in Fig-
ure 6.2 for the sample sintered at 1300 ◦C for 30 min. The green line shows the
piston movement relative to the initial position (negative = compression). The
curve flattens quickly during the isothermal stage, indicating that full density
is reached within the first few minutes. The as-sintered cylindrical samples are
15 mm in diameter and approximately 7 mm in height.
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6.1.2 Homogeneous Samples

Five compositions were selected based on the results obtained from the
analysis of the heterogeneous sample: four with a varying Nb content
Ti-[20,23,26,29]Nb-7Zr-0.7O (wt%) and one with lower O content (Ti-23Nb-
7Zr-0.2O (wt%)). This is achieved by omitting TiO2 from the powder blend,
the residual O content being determined solely by the chemical composition of
the raw powders (see Table 6.1), which is about 0.2 wt% of O. Approximately
30 g of the powders per sample was filled into the 30 mm graphite die, yielding
samples of 10 mm in height. Graphite foils were used as spacers between the
sample and the die.

The sintering program is similar to the program of the heterogeneous sam-
ples with a few alterations: the isothermal sintering stage is at 1500 ◦C for
30 min for all samples and the piston pressure was reduced to 50 MPa to limit
the creeping of the alloy into the gaps of the sintering die. The process param-
eters are plotted in Figure 6.3. The cooling rate is about 50 % lower than in
the case of heterogeneous samples (100 K/min at 800 ◦C) due to a larger sam-
ple and assembly. This condition is further referred to as the as-sintered (AS)
condition.
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Figure 6.3: The sintering program of the homogeneous samples. The isothermal part
is shown in a reduced length. The cooling rate is also plotted for the cooling stage, it
is reproducible for all samples.

The samples were cut in half. One half was then subjected to additional
solution treatment at 1000 ◦C for 2 h and water quenched to investigate the
influence of composition on martensitic transformation. This condition will be
referenced as the ST+WQ condition.

The samples for transmission XRD were prepared by mechanical grinding
and polishing down to the thickness of 0.3 mm. The samples for the RUS mea-
surements were cut and ground to the cuboidal shape of 2 mm× 3 mm× 4 mm.

All samples for SEM and microhardness measurement were prepared with
SiC papers grinding up to #2000 grit. The final polishing was performed using
a Vibromet vibratory polisher in three steps – 8 h in 0.3 µm Al2O3 suspension,
8 h in 0.05 µm Al2O3 suspension and 4 h in 0.05 µm SiO2 colloidal suspension.
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All TEM samples were prepared as lamellae from the specific region of interest
by the FIB method.

6.2 Results

6.2.1 Heterogeneous Samples

The samples were successfully consolidated using the above-described sinter-
ing conditions. Chemical contamination was measured in the samples sintered
for 15 min at 1300 ◦C and 1400 ◦C, assuming that the value of the third sample
would be in the measured range. Two specimens were measured for each sam-
ple, cut from the central region of the sample (to rule out any effect of carbon
contamination at the sample boundaries in contact with the graphite foil and
die). The results are presented in Table 6.2. The oxygen content does not differ
significantly between the two samples, indicating that sintering at higher tem-
peratures does not induce additional contamination. The concentrations of N
and H are within acceptable limits for Ti alloys.

The low-magnification SEM images of the as-sintered microstructure are
presented in Figure 6.4. The microstructure of all samples is strongly heteroge-
neous as intended. Undissolved Nb particles (appearing white) are the major
feature visible in all samples. Around them, a Nb-rich shell with a single phase
β microstructure is formed (appearing grey). Finally, in the regions far from
the Nb particles, a two-phase α + β microstructure is present, appearing as
noisy, dark grey regions. These will be shown below in detail.

Residual porosity was found only as preexisting pores in the undissolved
Nb particles, while virtually no pores can be found in the β and α+β regions.
This is due to comparatively high sintering temperatures close to the melting
point (1670 ◦C for pure Ti [41] and approximately 1750 ◦C for the Ti-29Nb-7Zr-
0.8O alloy (by ThermoCalc)). It was already shown that even more demanding
Ti-Nb-Ta-Zr alloys can be readily sintered to full density even at 1100 ◦C [128].
The occasional black dots are remnants of the polishing suspension.

Because the Nb gradient is similar in all samples, the following investi-
gations were performed on one of them – the sample sintered at 1300 ◦C for
30 min.

An SEM micrograph + EDS map is shown in Figure 6.5 to show that the
bright particles are undissolved Nb particles. No Ti was detected in their in-

Table 6.2: Carrier gas hot extraction analysis of two sintered samples. Two specimens
were measured for each sample. It is assumed that the values of the 1300 ◦C / 30 min
sample are within the range between by these two measurements.

Material
O N H

(wt%) (wt%) (wt%)

1300 ◦C, 15 min 0.826(35) 0.016(1) 0.015(1)

1400 ◦C, 15 min 0.870(24) 0.015(1) 0.022(1)
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(a) 1300 ◦C, 15 min (b) 1300 ◦C, 30 min

(c) 1400 ◦C, 15 min

Figure 6.4: Low magnification SEM BSE micrographs showing the heterogeneity of
the as-sintered samples. White areas are undissolved Nb particles.

terior. Zr concentration is low and the Zr K line weak, so the relative homo-
geneity of the map is significantly affected by noise. The α+ β microstructure
is found in the regions far from the Nb particles with lower Nb concentration.

A detail of the microstructural gradient between the α+β and β regions is
presented in Figures 6.6a and b. An EDS linescan was measured across the
gradient to show the range of chemical compositions observed; the results
are plotted in Figure 6.6c. The scan is, in fact, performed over a narrow long
rectangle (as indicated by black ticks at the end of the line) and composition
is averaged across its width to smooth the influence of abrupt concentration
changes between α and β. The whole micrograph in Figure 6.6a has an ap-
proximate range from 40 − 17 wt% of Nb, with Zr content being constant and
a balance of Ti.

Three different types of α precipitates can be identified in the micrographs:
grain boundary alpha (αGB), nucleating and growing along grain boundaries,
alpha nucleating heterogeneously either directly at GBs or at the αGB, but
growing in a form of parallel lamellae into the grain interior (αhtg), and alpha
nucleating in the grain interior (αint). The detail of the GB in Figure 6.6b proves
that GBs indeed serve as preferential nucleation sites, allowing precipitation of
αGB and αhtg at higher Nb concentrations compared to the grain interior.
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Figure 6.5: An EDS map of the sample sintered at 1300 ◦C for 30 min with the undis-
solved Nb particles and α+β microstructure in between them in the Nb lean regions.

Size of all α precipitates decreases with increasing Nb concentration, which
is predominantly caused by the temperature at which the precipitation takes
place given the Nb content. During cooling, αGB always precipitates first as
its activation energy is lower at the GB. αhtg precipitates at αGB shortly after
and starts growing into the grain interior until it meets αint. Nucleation of
αint is slower, because the activation energy inside the grain is higher. With
decreasing temperature, growth rate of α lamellae decreases due to the slower
diffusion, while the nucleation rate increases due to larger undercooling and
larger driving force. This leads to more uniform precipitation of smaller α

lamellae, limiting the length of αhtg. The detail in Figure 6.6b shows the very
early stages of nucleation, with just the αGB and αhtg present.

The critical concentration of Nb, which is sufficient to suppress precipita-
tion of α phase during cooling is of a great interest from both theoretical (pro-
viding information about the alloy phase diagram) and technological (control-
ling the microstructure) point of view. Figure 6.6c places this concentration
between 20 and 25 wt% of Nb, but a different measurement method is neces-
sary for its accurate determination.

First, the concentration should be averaged over a small area at the interface
to rule out any effect of the exact positioning. An example of such area is
shown in Figure 6.7. Three such areas at different positions were measured in
each sample, a single EDS spectrum for each of them.
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(a) Overview of the area with different α mor-
phologies

(b) A detail of the GB microstructure marked
in (a)
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(c) EDS line concentration profile along the black line in (a)
showin the Ti/Nb gradient

Figure 6.6: BSE micrographs and EDS composition profile of the microstructural gra-
dient. α morphology at regions with different Nb content, showing the varying lath
thickness. The black line marks the position and width of an EDS line profile pre-
sented in (c).

Figure 6.7: A transition region between β and α+β regions with a rectangle showing
the approximate positioning and size of the WDS and EDS area scans.
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Table 6.3: Composition at the interface of β and α+β region as measured by EDS and
WDS. The values are averages of three regions similar to the one shown in 6.7. The
errors in brackets (Nb) also include errors from the area positioning (more explanation
in the text).

Sample Method
Ti Nb Zr

(wt%) (wt%) (wt%)

1300 ◦C, 15 min EDS
standardless

71.9 ± 0.8 18.6 ± 0.4
(±0.7)

8.8 ± 1.1

1300 ◦C, 30 min EDS
standardless

72.9 ± 1.4 20.6 ± 0.9
(±1.1)

5.8 ± 0.5

1400 ◦C, 15 min EDS
standardless

71.7 ± 0.7 20.0 ± 0.1
(±0.6)

7.5 ± 0.7

1300 ◦C, 30 min WDS
standards

68.7 ± 1.0 22.2 ± 0.6
(±0.8)

8.0 ± 0.3

Second, to avoid possible inaccuracies caused by overlapping Zr L and
Nb L peaks, which must be deconvoluted during the standardless EDS quan-
tification procedure, WDS analysis with elemental standards was also per-
formed on similar areas in the 1300 ◦C / 30 min sample as a reference. The
results of all analyses are summarized in Table 6.3. It is not possible to accu-
rately measure the oxygen content by neither of the methods, so the values
from Table 6.2 were used for recalculation.

The uncertainty from the positioning of the rectangle in Figure 6.7 was es-
timated by measuring the difference in composition across the whole micro-
graph diagonally. This is approximately 3 wt% of Nb, giving the difference
across the EDS/WDS area of 0.5 wt%. This additional uncertainty is added to
the measurement deviation and the result is given by the number in parenthe-
ses in Table 6.3.

It can be seen that the concentration of Ti is slightly overestimated by EDS
when compared to WDS (72.9 vs. 68.7 wt% of Ti, respectively). Thus, the
critical concentration of Nb suppressing the α precipitation in this alloy is
22.2 ± 0.8 wt%, according to WDS.

The ECCI micrographs of the transition region are shown in Figure 6.8.
The primary β grain forms a darker gray background on the right-hand side
of Figure 6.8a, well developed α lamellae are observable on the left-hand side
of the picture and a layer of brighter lamellae is found in between. The de-
tail of this transitional region is shown in Figure 6.8b. There are two triangu-
larly arranged dark α lamellae surrounded by other lamellae which are much
brighter. The α lamellae forming the triangle are depleted of Nb and thus ap-
pear darker than the surrounding β matrix. However, no precipitating phase
in Ti alloys is known to be enriched with Nb. Hence, the bright lamellae can-
not be visible due to the chemical contrast, but due to the orientation/phase
contrast and must be depleted of Nb much less than the stable α triangle.
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(a) An overview of the transition region

(b) A detail of the area marked in (a)

Figure 6.8: ECCI/SEM micrographs of the transition region with the parent β grain in
the channeling orientation. The dark lamellae correspond to the stable α precipitates.

To confirm the phase composition at the boundary, a lamella was prepared
by FIB from the 1300 ◦C / 30 min sample and investigated by TEM. The low-
magnification BF and DF micrographs are shown in Figure 6.9a and d, respec-
tively (a stich of three micrographs). The left side is Nb lean (α+β region), the
right side is Nb rich (β region). The boundary is not very sharp at this scale
and isolated α precipitates can be found in the β region as well, growing in
clusters around what is probably a preferential nucleation center. A selected
area electron diffraction (SAED) was done in the two regions with the results
shown in Figures 6.9b and c. It turns out that apart from β or α phases, both
regions contain hexagonal ω phase (marked by green hexagons in the SAED
patterns). The dark-field micrograph was taken using the ω reflection marked
by the dashed circle in Figure 6.9c, shown in Figure 6.9. ω phase is present in
large amount in all β matrix, even between the α lamellae in the α+ β region.

Two regions, marked A and B in Figure 6.9d, were imaged at higher mag-
nification and the DF micrographs are presented in Figure 6.10, showing the
ω particles. The particle size is approximately 30 nm in diameter and parti-
cles are almost round, corresponding to the chemically stabilized isothermal
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(a) An overview BF micrograph (image gamma adjusted to partially compensate for the non-
uniform lamella thickness)

(b) SAED pattern of [110]β zone axis, α+β+
ω phases present

(c) SAED pattern of [110]β zone axis, β+ω
phases present

Figure 6.9: TEM investigations of the interface between β and α + β regions. The
lamella was prepared from the sample sintered at 1300 ◦C for 30 min.

ωiso particles. This also correlates well with the narrow diffraction spots in
Figures 6.9b and c.

We were also interested in the degree of chemical segregation between the
α and β phases (the size of ω is too small compared to the X-ray interaction
volume and thus the composition cannot be assessed). Three EDS linescans
were performed along the lines marked 1–3 in Figure 6.9d and the data are
shown in Figure 6.11, along with the corresponding STEM insets. The contrast
in STEM is similar to the BSE signal in SEM, i.e. heavier elements (such as Nb)
appear brighter. The results show a clear partitioning of Nb out of α particles
with the concentration being 10− 20 wt% lower inside. Zr concentration is also
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(d) DF micrograph of the lamella using ω reflection showing high density of ω particles in
both β and α+ β regions. Square areas A and B are shown in detail in Figures 6.10a and b,
respectively, lines 1–3 mark the positions of the EDS line scans presented in Figure 6.11.

Figure 6.9: (Continued)

slightly lower, suggesting that Zr is only a weak β stabilizer. However, there
are two lamellae on the left side of the line 3, which seem to be segregated
much less – this may be caused either by their tilt towards the surface, or by
observing the very early stage of precipitation when an extensive partitioning
has not happened yet.

It was shown that the concentration of Nb at the boundary between α+β+
ω and β+ω regions is 22 wt%. As a next step, homogeneous alloys will be
prepared around this composition (20− 29 wt% of Nb) with two different oxy-

(a) Nb lean region, marked A (b) Nb rich region, marked B

Figure 6.10: Detailed DF micrographs of ω particles in β matrix, regions marked in
Figure 6.9d
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Figure 6.11: EDS line profiles from the three different regions of the lamella, marked
in Figure 6.9d. The STEM insets are also shown to provide the correlation between the
local composition and the phase present.

gen contents for further investigations by XRD and RUS methods, since these
methods cannot be used for characterization of samples with local gradient at
such small scales.

6.2.2 Homogeneous Samples

The samples were successfully sintered using the above-described sintering
conditions. The chemical analysis of O, N and H elements was performed
on all samples in the as-sintered (AS) condition, as each was prepared from
a different powder blend. The results are shown in Table 6.4. Nb powder
causes the main contamination by N and H, as demonstrated by H content
clearly correlating with the increasing Nb concentration. The O concentration
of the -0.7O samples is slightly lower than intended – the TiO2 weight was
calculated with the measured O concentration of Nb in mind, but some oxygen
was adsorbed in the form of volatile compounds at the powder surface and
desorbed during sintering in vacuum (a similar behavior was also observed for
the sintered Ti5553 in section 5.2.1). As the solution treatment was performed
in high vacuum furnace, the same chemical composition is assumed for the
samples in the ST+WQ condition.
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Table 6.4: The results of the CGHE analysis of the sintered samples, standard devia-
tions of the last digit are given in the brackets.

Material
O N H

(wt%) (wt%) (wt%)

Ti-20Nb-7Zr-0.7O 0.642(1) 0.029(1) 0.014(1)

Ti-23Nb-7Zr-0.2O 0.245(3) 0.030(1) 0.014(1)

Ti-23Nb-7Zr-0.7O 0.684(8) 0.031(2) 0.018(1)

Ti-26Nb-7Zr-0.7O 0.646(6) 0.032(2) 0.023(2)

Ti-29Nb-7Zr-0.7O 0.636(1) 0.034(1) 0.031(1)

The residual chemical heterogeneity was checked by EDS linescans in the
AS samples, the results are plotted in Figure 6.12. The residual heterogeneity
most pronounced in the local variations of concentration of Nb/Ti (as Nb is the
slowest diffusing element) and decreases with the decreasing Nb content. It is
relatively high for the Ti-29Nb-7Zr-0.7O alloy (σNb = 1.3 wt%), but this is in
the composition range where the phase composition of alloy is relatively stable
and these variations should not play an important role. On the other hand, in
the compositionally sensitive range around 23 wt% of Nb, σNb is only around
0.5 wt% (see the green and red curves in Figure 6.12). The Zr concentration is
relatively homogeneous in all samples. The additional solution treatment does
not have any significant effect on the chemical heterogeneity at this scale, as the
temperatures used for solution treatment are much lower than the sintering
temperature.
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Figure 6.12: EDS line composition profiles showing residual inhomogeneities of the
sintered alloys in as-sintered condition. It is assumed that the homogenization effect
of the solution treatment at 1000 ◦C for 2 h is negligible when compared to 30 min
spent at 1500 ◦C during sintering. The homogeneity is increasing with the decreasing
overall Nb content. The dashed guides show the nominal composition of the alloy.
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Figure 6.13: XRD diffractograms of the samples in the solution treated and water
quenched (ST+WQ) condition. The tick marks in the lower part of the graph show
calculated positions of the peaks, their lengths are proportional to the theoretical rela-
tive intensity of the peak. Not all peaks of all present phases are indexed on all lines
and to increase readability.

Transmission XRD was performed on both ST+WQ and AS conditions and
the resulting diffractograms are plotted in Figures 6.13 and 6.16, respectively.
The experimental setup is described in detail in the section 3.4. Azimuthal
integration was carried out on the raw 2D experimental data. All data are pre-
sented in a logarithmic intensity scale to show the weak peaks. The tick marks
of the respective phases are plotted below the diffractogram, its length being
proportional to the relative line intensity. The corresponding plane indices are
plotted above the experimental data.

The XRD measurements were accompanied by SEM to show the mi-
crostructure and phase morphology, the BSE micrographs of the ST+WQ and
AS conditions are shown in Figures 6.14 and 6.17, respectively. The black
dots are remnants of the polishing suspension. The porosity is negligible in
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(a) Ti-20Nb-7Zr-0.7O (b) Ti-23Nb-7Zr-0.2O

(c) Ti-23Nb-7Zr-0.7O (d) Ti-26Nb-7Zr-0.7O

(e) Ti-29Nb-7Zr-0.7O

Figure 6.14: BSE SEM micrographs of the sintered alloys in the solution treated and
water quenched (ST+WQ) condition.

all samples due to high sintering temperatures, resulting in reaching a full
density [128].

We will start the description of the results with the ST+WQ samples (Fig-
ures 6.13 and 6.14), which are more straightforward to describe and interpret.

The ST+WQ Ti-29Nb-7Zr-0.7O sample (black line) shows only β peaks and
a very small amount of TiC peaks. TiC is formed close to the sample boundary
by reaction of Ti from the sample with C diffusing from the graphite foil. A
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(a) SAED along [311]β, Ti-23Nb-7Zr-0.7O (b) DF micrograph of ω, Ti-23Nb-7Zr-0.7O

(c) SAED along [311]β , Ti-26Nb-7Zr-0.7O (d) DF micrograph of ω, Ti-26Nb-7Zr-0.7O

Figure 6.15: TEM micrographs and diffraction patterns confirming the presence of the
ω phase in the water quenched Ti-23Nb-7Zr-0.7O and Ti-26Nb-7Zr-0.7O samples.

trace amount of the carbide is then captured by a broad X-ray beam. This is a
contaminant phase with no effect on the rest of the phase transformations in
the alloy. This sample exhibit a single-phase β microstructure in SEM micro-
graph (Figure 6.14e) as well.

In the ST+WQ Ti-26Nb-7Zr-0.7O sample (orange line), broad ω peaks are
visible, most notably at 29 and 34◦. Other peaks are hidden below much
stronger β peaks. This appears as a single-phase microstructure in SEM mi-
crograph (Figure 6.14d), since ω phase cannot be detected by SEM.

The two diffractograms of the ST+WQ Ti-23Nb-7Zr-0.2O (green) and Ti-
20Nb-7Zr-0.7O (red) samples are similar, both consisting mostly of martensitic
α′′ peaks with some residual β phase present (the peak at 25◦). The marten-

88



sitic microstructure is also clearly visible in the corresponding SEM images
(Figures 6.14a and b).

The ST+WQ Ti-23Nb-7Zr-0.7O sample (blue line) contains both ω phase
(peaks at 22.5, 29 and 34◦) and a small fraction of α′′ phase (peaks at 16.5 and
24◦). The weak peaks of α′′ martensite is present due to residual chemical
heterogeneities – the Ti-23Nb-7Zr-0.7O is at the stability limit of the β phase
and even small deviations in composition can lead to a locally different phase
composition. The microstructure still appears to contain the β phase only (Fig-
ure 6.14c).

Because the diffraction peaks of the athermal ωath phase are broad and
relatively weak and the phase is not visible in SEM, its presence was further
confirmed by TEM observations, shown in Figure 6.15. The lamellae were cut
using FIB from the ω-containing samples Ti-26Nb-7Zr-0.7O and Ti-23Nb-7Zr-
0.7O and the corresponding SAED pattern and DF micrographs are shown
in Figure 6.15. ωath peaks are clearly present in both samples (Figures 6.15a,
c) and small ω particles (< 10 nm) are visible in the DF micrographs (Fig-
ures 6.15b, d). The ω particles appear slightly smaller in the Ti-26Nb-7Zr-
0.7O sample than in the Ti-23Nb-7Zr-0.7O sample (Figures 6.15d and c, re-
spectively), which is consistent with the higher concentration of Nb in the Ti-
26Nb-7Zr-0.7O sample stabilizing the β phase.

The AS samples were characterized in the same way as the ST+WQ samples
– by XRD (Figure 6.16) and SEM imaging (Figure 6.17).

Both XRD (black line) and SEM (Figure 6.17e) have confirmed a single-
phase microstructure of the AS Ti-29Nb-7Zr-0.7O sample.

The XRD of the AS Ti-26Nb-7Zr-0.7O sample (orange line) reveals a two-
phase β+ω microstructure (the ω peaks at 14, 22.5 and 29◦). The peaks are
sharper than in the same sample in the ST+WQ condition, because larger,
chemically stabilized isothermal ωiso particles are formed. The micrograph
(Figure 6.17d) shows isolated αGB precipitates, but their phase fraction is small,
so the α peaks are not detected by XRD.

The diffractogram of the AS Ti-23Nb-7Zr-0.7O sample (blue line) was most
surprising, as it contains peaks of martensitic α′′ phase, although the sample
was not quenched, but cooled at a moderate rate ∼ 100 K/min. For example,
the (110)α′′ and (020)α′′ peaks at 16◦, or (022)α′′ and (200)α′′ peaks 24 and
26.5◦ clearly belong to α′′ phase, as no other phase have peaks at these angles.
There is also ω phase present (the peak at 23◦) and a small amount of a stable
α phase can be assumed by an asymmetrical peak broadening at 17.5 and 24◦.
The BSE micrograph (Figure 6.17c) shows α precipitates along GBs, which may
be identified by a sharp contrast between α (dark) and surrounding β matrix
(bright) caused mostly by a chemical segregation. A lamellar microstructure
is observed inside grains – this may be both α and α′′, since the phases are
not distinguishable by SEM when there is only small difference in chemical
composition between α and β.

According to XRD, the AS Ti-20Nb-7Zr-0.7O sample contains stable α and
β phases only (red line). A fully lamellar martensite-like microstructure is
observed in the micrograph (Figure 6.17a), suggesting that this α was formed
by a decomposition of the martensitic phase.
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Figure 6.16: XRD diffractograms of the samples in the as-sintered (AS) condition. The
tick marks in the lower part of the graph show calculated positions of the peaks, their
lengths are proportional to the theoretical relative intensity of the peak. Not all peaks
of all present phases are indexed on all lines to increase readability.

The XRD of the AS Ti-23Nb-7Zr-0.2O sample (green line) confirms the pres-
ence of ω phase (the peak at 14◦) and a mixture of α and α′′ phases, inferred
from the broadening of peaks at 16 and 22.5◦. The micrograph (Figure 6.17b)
shows a lamellar microstructure, which may consist of both α and α′′ phases.

Vickers microhardness (HV0.5) was measured on all AS and ST+WQ sam-
ples, 30 indents were made per specimen. The results are plotted in Figure 6.18
and the values are repeated in the summary in Table 6.5.

It can be immediately seen that the microhardness is strongly affected by
a chemical composition. There are two major factors contributing to the alloy
strength – the phase composition and the oxygen content, which affects the
microhardness both directly (through solid solution strengthening) and indi-
rectly (influencing phase composition).

The contribution of O can be best demonstrated at the Ti-20Nb-7Zr-0.7O
and Ti-23Nb-7Zr-0.2O samples in the ST+WQ condition (Figure 6.18b) – the
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(a) Ti-20Nb-7Zr-0.7O (b) Ti-23Nb-7Zr-0.2O

(c) Ti-23Nb-7Zr-0.7O (d) Ti-26Nb-7Zr-0.7O

(e) Ti-29Nb-7Zr-0.7O

Figure 6.17: BSE SEM micrographs of the alloys in the as-sintered (AS) condition

difference in microhardness is 111 HV, while the microstructure and phase
composition are the same, as shown earlier. Since the microstructure is fully
martensitic in these two samples, the increased strength is attributed to oxygen
blocking the twinning. The Ti-23Nb-7Zr-0.2O and Ti-23Nb-7Zr-0.7O (ST+WQ)
couple demonstrates the indirect influence of oxygen, since the increased oxy-
gen content completely changed the microstructure and ultimately the micro-
hardness as well.
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Figure 6.18: A graphical comparison of Vickers microhardness in the AS and ST+WQ
condition. The values correspond to the values reported in Table 6.5. Samples with
0.7 wt% of oxygen are connected by dotted lines to emphasize general trends. The
colors correspond to the colors in the diffractograms (Figures 6.13 and 6.16).

The microhardness of the ST+WQ Ti-(23–29)Nb-7Zr-0.2O samples mono-
tonically increases with decreasing Nb content (Figure 6.18b), which can be
attributed to the increasing content of ωath phase. The increase is even sharper
in the AS samples Figure 6.18a) with larger isothermal ωiso particles (cf. Fig-
ure 6.10). The highest microhardness (432 HV) was measured in the Ti-23Nb-
7Zr-0.7O in AS condition, containing a combination of α, α′′ and ω phases.

Finally, the elastic modulus was measured by resonant ultrasound spec-
troscopy (RUS). Contrary to microhardness, RUS is a bulk method, measuring
an ‘average’ modulus within the sample. The results are provided in Table 6.5.
To simplify the orientation in the data for the purpose of the following discus-
sion, the modulus is shown along with the phase composition and microhard-
ness for all alloys in both AS and ST+WQ condition.

The minimum elastic modulus of 64 GPa is achieved in the single-phase
ST+WQ Ti-29Nb-7Zr-0.7O sample. The modulus of the AS Ti-29Nb-7Zr-0.7O
is higher (75 GPa), which may be attributed to some ωiso formed in residual
chemical heterogeneities, although not detected by XRD. ω phase has indeed
a strong influence on the elastic modulus – the highest modulus of 101 GPa is
measured for the ST+WQ Ti-23Nb-7Zr-0.7O sample with the highest ω content
due to a low amount of β-stabilizing Nb, as shown in Figure 6.15. After change
in the phase composition to α′′ in ST+WQ Ti-20Nb-7Zr-0.7O and Ti-23Nb-7Zr-
0.2O, the modulus drops sharply to 81 and 77 GPa, respectively.

Among the AS samples, the modulus is highest in the Ti-26Nb-7Zr-0.7O
sample, reaching 93 GPa. This sample contains largest fraction of ωiso phase.
The modulus decreases to 86− 88 GPa in the samples containing α/α′′ as well.
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Table 6.5: An overview table summarizing mechanical properties (Vickers microhard-
ness (HV0.5) and Young’s modulus E) and the phase composition.

As-sintered ST+WQ

E
HV Phases

E
HV Phases

(GPa) (GPa)

Ti-20Nb-7Zr-0.7O 86 385(9) α,β 81 398(6) α′′

Ti-23Nb-7Zr-0.2O 87 361(16) α,α′′,β,ωiso 77 287(5) α′′

Ti-23Nb-7Zr-0.7O 88 432(10) α,α′′,β,ωiso 101 384(9) β,ωath

Ti-26Nb-7Zr-0.7O 93 367(17) β,ωiso 75 360(8) β,ωath

Ti-29Nb-7Zr-0.7O 75 326(9) β 64 337(12) β

6.3 Discussion

An expected kinetics of the powder blend homogenization was observed. The
alloy was not homogenized at 1300 and 1400 ◦C with Nb being the slowest
diffusing element. This is consistent with the results in [26], showing that even
60 min at 1300 ◦C was not enough for a full homogenization. A reasonable
chemical homogeneity was achieved at 1500 ◦C, similarly to [29].

As was shown in the previous section, the resulting microstructure of the
Ti-xNb-7Zr-yO alloy strongly depends on the local chemical composition and
the cooling regime. Because the samples were either water quenched or cooled
at a moderate rate of 100 − 500 K/min, the discussion must be based on non-
equilibrium phase diagrams.

One such diagram is shown in Figure 6.19: it is a Ti-Nb binary section
of the ternary Ti-Nb-Zr phase diagram, calculated by ThermoCalc using the
TCTI3 database (solid lines). The stable α+ β diagram is plotted in red, the
metastable β+ω diagram in blue. The dashed lines denoted as Tα/β

0 and Tω/β
0

represent the concentrations where the respective Gibbs energies are equal
at the given temperatures. The blue and red T0 curves were calculated for
the system without oxygen, the orange curve was calculated for the oxygen-
containing Ti-xNb-7Zr-0.8O system and is plotted for comparison. The ω

phase was not calculated for the alloy with O, because there are no thermo-
dynamic data available. The raw Gibbs energies of the individual phases from
which these phase diagrams were constructed are shown in Appendix A.

The importance of the T0 curve is that when we cool the β phase below it,
the material can transform diffusionlessly to α. This can be achieved through
a massive transformation, but in Ti alloys specifically, martensitic transforma-
tion occurs sooner at the supercooling of approximately 50 K below the T0 [42].
The martensite start (MS) curves for low and high oxygen content are plotted
in purple. These curves were not calculated, but their position and shape were
inferred from the experimental results and a general rule that MS is always
below the Tα/β

0 curve.
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Figure 6.19: The metastable phase diagram of the Ti-xNb-7Zr(-0.8O) system. The
phase diagrams and T0 curves were calculated by ThermoCalc, The MS lines (purple)
were hand-drawn according to the experimental results. The experimentally deter-
mined concentration of 23 wt% of Nb is plotted for better orientation.

The phase composition of the quenched samples depends solely on the
curve which is crossed first during cooling – either MS, or Tω/β

0 . If MS is
crossed first, we get martensitic α′′ microstructure, while if Tω/β

0 is crossed
first, we get two-phase β+ω microstructure. This depends on the alloy com-
position (Nb content) with respect to the position of the MS and Tω/β

0 inter-
section. For the homogeneous alloy containing 0.7 wt% of O, this intersection
must be placed between 20 and 23 wt% of Nb as the microstructure changes
between those concentrations, for the alloy with 0.2 wt% of O, this happens
above 23 wt% of Nb (cf. Figure 6.14). The MS curves in Figure 6.19 are drawn
accordingly. The oxygen can be therefore viewed as a β stabilizing element
with respect to the β → α′′ transformation, as reported earlier for various Ti
alloys [67, 70, 74, 131–133].

The cooling rate of the as-sintered samples is in order of 100 K/min, so the
diffusion plays an important role in the transformations kinetics. In the hetero-
geneous sample, the temperature is assumed to be homogeneous, while the β

transus is dependent on the local Nb concentration. The precipitation of α can
only start when sufficient undercooling below the local β transus is reached.
Therefore, α can precipitate first at the places with low Nb concentration, es-
pecially at the preferential sites, such as GBs. This happens at a relatively high
temperature where the growth kinetics is fast and large lamellae are formed.
As the temperature decreases, the precipitation front moves towards higher
Nb concentrations, but with the slower kinetics, significantly smaller α lamel-
lae are formed (Figure 6.6).

The observation of the α′′ phase in the as-sintered (i.e. not water quenched)
Ti-23Nb-7Zr-0.7O sample, as detected by XRD (Figure 6.16), is actually not that
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unique. When the alloy composition is close to the intersection of the Gibbs en-
ergies of α and β (i.e. close to the Tα/β

0 curve), orthorhombic α′′ phase (as a
transitional phase between α and β) can form isothermally, by a mechanism
described in [134]. According to Figure 6.19, the intersection temperature is
375 ◦C for the 23 wt% of Nb in the oxygen-containing alloy. This temperature
meets the condition of being high enough to unfavor ω formation (i.e. being
above the Tω/β

0 ) and sufficiently low to suppress any further chemical parti-
tioning (which would normally lead to the decomposition of α′′

iso into stable α

and β), so the α′′ phase is retained when cooled to the RT.
Only ω phase is present in the heterogeneous sample in regions with the

Nb concentration above 22 wt%. This agrees well with the possible location
of the MS and Tω/β

0 intersection in Figure 6.19, corresponding to the tempera-
ture around 300 ◦C. Below this concentration, the α/α′′ phase is formed either
clasically, or via a diffusionless β → α′′ transformation. Above 22 wt%, ω is
formed first and martensitic transformation is no longer possible, but the dif-
fusion of Nb is sufficient for a chemical stabilization of extremely small ωiso
particles.

The elastic modulus is mostly influenced by the phase composition. Pure β

phase in the ST+WQ Ti-29Nb-7Zr-0.7O sample has the lowest modulus, which
sharply increases with the presence of the ω phase. The ωiso phase has more
significant effect than ωath (93 vs. 75 GPa in AS and ST+WQ Ti-26Nb-7Zr-
0.7O, respectively). This can be attributed to higher ω stability due to chemical
segregation.

6.4 Summary

We have shown in this chapter that blended elemental powder metallurgy is
a viable approach for sintering of complex titanium alloy, provided that suffi-
ciently high temperature is used to ensure the alloy homogenization.

Furthermore, it was demonstrated that the use of heterogeneous samples
can be very useful in determining concentration limits for various phase trans-
formations, entirely in the spirit of high-throughput methods. The upper con-
centration limit of Nb for α/α′′ formation in the Ti-xNb-7Zr-0.8O alloy was
measured to be 22 wt%; at higher Nb content, ω phase forms.

The role of oxygen in suppressing the β → α′′ martensitic transformation
was confirmed by direct comparison at otherwise same conditions. For achiev-
ing low elastic modulus, a single-phase β microstructure must be preserved at
the RT.

The results from this chapter were published as two journal papers:

Kozlík, J., Preisler, D., Stráský, J., Veselý, J., Veverková, A., Chráska, T., et al.
Phase transformations in a heterogeneous Ti-xNb-7Zr-0.8O alloy prepared by
a field-assisted sintering technique. Materials & Design 198, 109308. ISSN: 0264-
1275. DOI: 10.1016/j.matdes.2020.109308 (2021).

Kozlík, J., Preisler, D., Stráský, J., Košutová, T., Corrêa, C. A., Veselý, J.,
et al. Manufacturing of biomedical Ti alloys with controlled oxygen content
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by blended elemental powder metallurgy. Journal of Alloys and Compounds 905,
164259. ISSN: 0925-8388. DOI: 10.1016/j.jallcom.2022.164259 (2022).

We have further exploited the method of preparing heterogeneous sam-
ples using FAST in [135]. Heterogeneous samples with Nb content varying
between layers (2 mm in height) were prepared. This allowed elastic modulus
mapping by scanning acoustic microscopy in collaboration with the Institute
of Thermomechanics of the Czech Academy of Sciences and investigations of
deformation mechanisms (and the presence of a twinning/transformation in-
duced plasticity (TWIP/TRIP) effect) using DIC during in-situ compression
testing.

Another extension of results presented in this chapter is a development of
a method for high-throughput characterization of refractory complex concen-
trated alloys (RCCA). The preliminary results of this research will be the topic
of the last chapter.
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7 Outlook: High-Throughput
Characterization of RCCA

In the previous chapter, blended elemental powder metallurgy was used for
phase analysis in chemically heterogeneous samples. While not being crucial
in relatively simple and well explored Ti alloys, its benefits can be best ex-
ploited for investigations of complex concentrated alloys (CCAs).

In this chapter, we would like to present an approach to the experimental
exploration of the vast concentration space of refractory complex concentrated
alloys (RCCAs). We have designed the method as a part of an ongoing research
project. The chapter does not aim at providing complete data about the studied
alloying system, but rather at showing the methodology and some preliminary
tentative results.

7.1 Material Preparation

A quinary RCCA system Al20Ti20TaxNbyZrz (at.%) was investigated in this
chapter. A two-dimensional ternary section of the four-dimensional phase
diagram (Al and Ti concentrations were fixed) was physically sampled in a
hexagonal grid as illustrated in Figure 7.1. The corners of the phase diagrams
were not investigated, since we focus on RCCAs, i.e. the central region of the
phase diagrams.

The properties of the powders used for sintering are summarized in Ta-
ble 7.1. All powders had spherical morphology, since those usually have also
low contamination thanks to small specific surface. Similar particle size was
chosen for all powders to facilitate the mutual mixing.

For separation of the powder blends of the different compositions dur-
ing filling of the die, a special spacer was designed, drawn in Figure 7.2a,
and printed using a Prusa i3 MK3S+ 3D printer (PCTG filament, layer height
0.1 mm). To reduce the surface roughness after printing, parts were smoothed
by chloroform.

The spacer was then inserted into a sintering die as shown in Figure 7.2b
and filled with the respective powder blends. Due to the lack of data, the
amount of each blend is calculated assuming the same phase in each compart-
ment and a random occupation of the atomic sites for the given nominal com-
position. Then, the ‘pusher’ was inserted into the spacer to hold the powders
in place, and the spacer was carefully pulled out. The filled die is shown in
Figure 7.2c. Tungsten foils were used to prevent carbon contamination during
sintering.
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Figure 7.1: A schematics of the mapping strategy – a two-dimensional ternary section
of the full four-dimensional compositional space overlaid with the hexagonal com-
partments, each with a different nominal alloy composition. The concentration step
between the compartments is 10 at.%.

The sintering was carried out according to the sintering program plotted
in Figure 7.3, which was based on the programs used for sintering of Ti5553
and Ti-Nb-Zr-O alloys. At the beginning, the sample was heated to 600 ◦C at
400 K/min, followed by a 20 min dwell. This intermediate stage was used for

Table 7.1: The powders used for sintering. The particle size and morphology are taken
from the supplier’s datasheet, as well as the Ti chemical composition. Other pow-
ders were independently measured by CGHE (carrier gas hot extraction) method. The
numbers in brackets are standard deviations of three measured specimens.

Powder Manufacturer
Particle size &
morphology

O N H

(wt%) (wt%) (wt%)

Al Eckart TLS
spherical

20 − 53 µm
0.083(4) 0.002(1) —

Ti Grade 1 Eckart TLS
spherical

20 − 53 µm
0.091(4) 0.010(1) 0.002

Ta CAMEX
spherical

15 − 45 µm
0.076(8) 0.007(2) —

Nb
Stanford

Advanced
Materials

spherical
15 − 45 µm

0.221(5) 0.051(4) —

Zr (Grade 702) TLS Technik
spherical

20 − 80 µm
0.175(1) 0.009(1) 0.001(1)
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6.3

0.4

(a) A CAD drawing of the tools. Dimensions are in millimeters.

(b) The die filling in progress (c) The filled die after the spacer and pusher are removed

Figure 7.2: Using the honeycomb spacers for the FAST die filling

alloying of Al with other elements to prevent its sudden melting. Then, the
sample was heated at 100 K/min to 1250 ◦C, where the heating rate was de-
creased to 50 K/min to prevent temperature overshoot, and heated to the final
sintering temperature of 1300 ◦C. The isothermal sintering was performed for
30 min and the sample was subsequently cooled to the RT.

The piston position data (the green curve) show a movement of the piston
during the isothermal stage (at ca 50 min) when the shrinkage rate suddenly
increases. This may be caused by the dissolution and homogenization process
after the consolidation is finished, or by deformation of the sample when the
homogenization behavior is different in different regions of the sample.

The sintering was performed at a relatively low temperature of 1300 ◦C,
even though we needed to homogenize the slow-diffusing Ta. This is due to
a possible formation of Al-Zr intermetallics, which have relatively low melt-
ing points of 1462 ◦C (Al3Zr5). As we have earlier learned the hard way, the
combination of a temperature overshoot and the piston pressure can lead to a
catastrophic failure during sintering when the intermetallic compound melts.
Therefore, we have used the FAST for consolidation only and the homoge-
nization was carried out in a tube furnace (Nabertherm) with a more precise
temperature control and a water quenching capability. For homogenization,
the sample was wrapped in the Zr foil to suppress oxidation, homogenized at
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Figure 7.3: The process parameters during the sintering of the heterogeneous RCCA
sample

1400 ◦C for 168 h in an Ar atmosphere (99.9999 % purity) and water quenched.
The quenching is necessary to prevent formation of other phases during cool-
ing.

The samples were sliced using precision metallographic saw and ground
by SiC papers up to #2000 grit. The final polishing was performed using Vi-
bromet vibratory polisher in three steps – 8 h in 0.3 µm Al2O3 suspension, 8 h
in 0.05 µm Al2O3 suspension and 4 h in 0.05 µm SiO2 colloidal suspension.

7.2 Results

The sintering and the heat treatment were successfully carried out. The BSE
micrograph of the sintered sample section is shown in Figure 7.4. The com-
partment structure was preserved during the die filling and sintering and is
clearly visible. The compartments are slightly deformed when compared to
the drawing in Figure 7.2, with the Zr rich compartments (the upper part of the
micrograph) bigger than the Zr lean compartments. This may be caused either
by an uneven compartment filling and subsequent displacement under me-
chanical load, or by different densification kinetics and CTE, causing different
balance of shrinkage and thermal expansion in each compartment, resulting in
internal stresses and displacements.

There is a large number of cracks, especially in the Zr rich part of the sam-
ple. This should not be a surprise, as the sample is strongly heterogeneous
(in CTE, besides other things), causing large internal stresses during water
quenching from 1400 ◦C. The cracks mostly follow the GBs decorated with
brittle Al-Zr intermetallics, which are more common in the Zr rich area.
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Figure 7.4: A stitched BSE micrograph of the sintered sample cross-section with the compartment structure clearly visible. Cracks in the upper part are a result of heterogeneous coefficient of thermal
expansion and rapid cooling during quenching. Horizontal shading is caused by an insufficient flat-field correction of the image tiles.
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Figure 7.5: Low magnification EDS maps of the whole sample area. The sample and orientation are the same as in Figure 7.4, although a different section of the sample is shown. Courtesy of Radek
Mušálek, IPP CAS.
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An EDS mapping was performed across the sample (a different section,
though), the raw count maps are shown in Figure 7.5 for all alloying elements
and oxygen. Apart from the oxygen signal from the cracks, coming from the
remnants of the polishing suspension, there is an oxygen rich layer near the
surface of the sample, few mm into depth. This corresponds to the darker band
around the edge in Figure 7.4, containing oxides (which will be shown later in
higher magnification). The oxygen content in the surface samples measured by
CGHE reached 5 wt% (!), while in the center of the specimen, the concentration
of O was ‘only’ 0.75± 0.09 wt%. This suggests significant oxidation during the
heat treatment.

The other elemental maps have shown that there is a large amount of Al-
and Zr- rich phases present (probably the Al-Zr intermetallics). The Nb L sig-

(a) SEM BSE micrograph (b) Position of the map at the sample

(c) EDS elemental maps

Figure 7.6: The SEM and EDS analysis of the oxide layer in the compartment corre-
sponding to the Al20Ti20Nb20Zr40 alloy (nominally).
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(a) SEM BSE micrograph (b) SEM SE micrograph

(c) EDS elemental maps

Figure 7.7: The SEM and EDS analysis of the Al20Ti20Ta20Zr40 alloy: multiple phases
and traces of eutectic transformation are present.

nal is strongly correlated with the Zr L signal due to peak overlap. There are
also some heterogeneities visible at the millimeter scale, best visible in the com-
partments in the lower part of the sample. These are much larger than the av-
erage particle size and can be only attributed to poor mixing of the powder.
It should be noted that since we are not interested in macroscopic mechanical
properties, it is sufficient that the average composition is homogeneous in the
region of interest for detailed EDS mapping.

The oxide layer is shown in greater detail in Figure 7.6. The correlation of
Zr and O signals suggests that the oxides are mostly ZrO2, the Nb is correlated
with Zr due to the peak overlap.

Typical micrographs of the compartment microstructure are shown in Fig-
ure 7.7 to 7.9, accompanied by the EDS maps. Both micrograph collection
and EDS acquisition were fully automated (in the spirit of high-throughput
method). The drawback is that it is not possible to automatically tune bright-
ness and contrast in EDS acquisition software for each map, which renders
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(a) SEM BSE micrograph (b) SEM SE micrograph

(c) EDS elemental maps

Figure 7.8: The SEM and EDS analysis of the Al20Ti20Ta20Nb10Zr30 alloy: two different
AlZr intermetallics with different compositions.

the SEM micrographs acquired during EDS mapping unusable for such com-
positionally heterogenous sample. Therefore, an SEM image from a different
position within the same compartment had to be used.

The Al20Ti20Ta20Zr40 alloy, shown in the Figure 7.7, contains at least 4 com-
positionally different phases: the Ta-, Nb- and Ti-rich matrix and various Al-,
and Zr-based intermetallic phases with additions of other elements. Traces
of solidification/eutectic microstructure are visible within the Al- and Zr-rich
regions, suggesting that partial melting may have occurred during the heat
treatment.

Two compositionally different intermetallic compounds were found in
the Al20Ti20Ta20Nb10Zr30 alloy (Figure 7.8). The first one, found at the grain
boundaries of the matrix, consists mostly of Al and Zr, while the second one is
significantly enriched with Ti. Ta and Nb are mostly found in the matrix.
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(a) SEM BSE micrograph (b) SEM SE micrograph

(c) EDS elemental maps

Figure 7.9: The SEM and EDS analysis of the Al20Ti20Ta30Nb30 alloy: the single-phase
microstructure.

Finally, a homogeneous, single-phase microstructure was observed in the
Al20Ti20Ta30Nb30 alloy (Figure 7.9), with only small fraction of Al2O3. A sig-
nificant porosity (2.5 %) was found as a result of alloying.
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7.3 Outlook

We have shown that it is possible to exploit the capabilities of FAST for high-
throughput manufacturing and analysis of RCCAs. However, there are several
issues which need to be addressed for the future, concerning sample manufac-
turing, data acquisition and processing.

Since the presence of oxygen can significantly influence the phase composi-
tion, an oxygen trap will be installed to further purify the inert gas used for the
heat treatments at high temperatures, so the oxidation will be limited. Addi-
tional Zr foil will be used for wrapping the sample, acting as an oxygen getter.
The powder mixing must be improved to suppress the observed compositional
heterogeneities at the millimeter scale.

The EDS analysis presented above is obviously not complete. A quantita-
tive EDS analysis is necessary to correctly measure the chemical composition of
individual phases. However, this requires clustering of datapoints into phases,
which is a non-trivial task, beyond the scope of this thesis. This analysis must
be also automated as much as possible for two reasons – to speed up the anal-
ysis of the numerous samples and to limit the human input, getting more ro-
bust results. The full phase analysis for constructing the phase diagrams also
requires XRD data as a complement to the EDS, either for identification of the
existing phases, or for a description of new ones.

All these tasks are a part of an ongoing research project, supported by a
Czech Science Foundation project no. 22-24563S, in collaboration with the In-
stitute of Plasma Physics of Czech Academy of Sciences.
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8 Concluding Remarks

Several unconventional applications of the field assisted sintering technology
(FAST) were explored in this thesis: the manufacturing of composites with a
metallic reinforcement lattice, upscaling the FAST for a single-run manufac-
turing of large tensile specimens, using blended elemental powder metallurgy
(BEPM) for investigations of phase stability in Ti-Nb-Zr-O alloys in hetero-
geneous samples and the high-throughput characterization of the refractory
complex-concentrated alloys (RCCAs).

The manufacturing of composites (Chapter 4) was successful only partially.
The chemical etching of the lattice has greatly improved its surface rough-
ness. The composite material exhibited increased strength only when com-
pared with unannealed Al matrix. When it was properly annealed, brittle frac-
ture occurred in the interfacial layer between the matrix and the reinforcement
at the onset of yield. Moreover, the lattice geometry prevented proper penetra-
tion of the Al powder, resulting in a high porosity and poor sintering quality.

The upscaling and streamlining of the sintering process, described in Chap-
ter 5, was successful. We were able to manufacture a homogenous, fully dense
rod of Ti-5Al-5V-5Mo-3Cr alloy, with the yield strength reaching 1183 MPa and
the ductility of 6 %, comparable to the commercially available alloy. The alloy
can be made from blended elemental powders in a single FAST run, combining
consolidation, homogenization and ageing heat treatment. The process can be
used for rapid prototyping of new alloys, including tensile testing.

The BEPM was further exploited in Chapter 6 for investigation of the phase
stability of Ti-xNb-7Zr-yO system. A Nb concentration gradient was used to
measure the critical concentration of β stabilizers to suppress the α/α′′ forma-
tion: 22 wt% of Nb. Homogeneous alloys with a controlled concentration of
oxygen were also prepared, confirming the results obtained using the hetero-
geneous sample. The lowest elastic modulus of 64 GPa was measured in the
single-phase Ti-29Nb-7Zr-0.7O sample. We have also discovered that marten-
sitic α′′ phase can form in a narrow range around the critical concentration
of 22 wt%, even when the material is not quenched, but cooled at a moderate
cooling rate (100 − 400 K/min).

Finally, in Chapter 7, we have designed and successfully tested a method
for sintering multiple powder blends in a single specimen, creating a hetero-
geneous specimen across a wide range of alloy compositions. This method
allowed high-throughput investigations of phase compositions of an AlTiTa-
NbZr refractory complex concentrated alloy.

The acquired experience with the BEPM was used for other projects as well,
such as for preparing heterogenous samples for scanning acoustic microscopy,
allowing high-throughput characterization of elastic modulus, and for defor-
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mation tests, resolving local, compositionally dependent deformation mecha-
nisms by DIC. However, these topics are beyond the scope of this thesis.

While manufacturing architectured composites will probably not be ex-
ploited further, the other methods have proven themselves as viable. The abil-
ity to reach high temperatures required for the alloy homogenization is a big
advantage of FAST, supported by the ability to prepare small samples and a
relative ease of use. Our current plan is to continue with the high-throughput
investigations of the RCCAs, as reliable thermodynamic data about the system
are needed.
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A Gibbs Energies of Ti-xNb-7Zr-yO Alloys

Figure A.1: Gibbs free energy curves of α, β and ω phases from 0 to 950 ◦C calculated for the alloy composition Ti-xNb-7Zr (i.e. not considering
oxygen) by ThermoCalc. Concentrations at which the curves intersect are displayed, corresponding to the red and blue T0 curve in Figure 6.19.
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Figure A.2: Gibbs free energy curves of α and β phases from 0 to 950 ◦C calculated for the nominal alloy composition Ti-xNb-7Zr-0.8O by Ther-
moCalc. Concentrations at which the curves intersect are also displayed, corresponding to the orange T0 curves in Figure 6.19.
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